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1 Introduction

Barium titanate (BaTiO3) and Ba-rich solid solutions of barium-strontium titanate [(Ba,Sr)TiO3] are

attractive in applications due to their large dielectric permittivity at T > Tc, a sufficiently low tem-

perature dependence of the remanent polarization at T < Tc, a moderate coercive field and a large

electro-optic coefficient. One of their most promising applications is their use as storage capacitors

for dynamic random access memory (DRAM) like storage capacitors for high densities above 1 Gb.

This attractiveness resulted in many research activities on (Ba,Sr)TiO3 thin films over the recent years.

(Ba,Sr)TiO3, e.g., almost dominated the research field of dielectric materials for high-permittivity di-

electrics with respect to a variety of applications (e.g. as a replacement for silicon oxide or nitride

dielectrics[1]). However, in recent years also other functional oxides (superconducting, piezoelectric,

ferroelectric, magnetoresistiv) have been studied extensively. Their physical properties in thin films

can now be fine-tuned or modified, due to well-controlled growth conditions or careful selection of

substrates, and due to strain effects, interfacial or boundary and coupling effects, if different layers are

assembled together. As a result, oxide superlattice materials, with an artificial control of the crystal

structure, can now be grown, and their properties are studied in order to find new functions of ceramic

systems, eventually leading to applications such as piezoelectric actuators, non-volatile memories, IR

detectors and Josephson devices.

While research on semiconductor superlattices started quite early, research on artificial oxide su-

perlattices begun only in the early 1990ies. Among other systems, BaTiO3/SrTiO3 multilayers and

superlattices attracted attention. They have been prepared by several groups[2; 3; 4; 5; 6; 7; 8] and

showed quite different dielectric properties compared to single-phase BaTiO3 or (Ba,Sr)TiO3. Par-

ticularly, BaTiO3/SrTiO3 superlattices show a dramatically increased dielectric constant and large

optical non-linearity. Generally, dielectric and ferroelectric superlattices offer a promising approach

to create new ferroelectric materials and to study the origin of their remarkable properties. Concern-

ing ferroelectric superlattices, one principal idea put forward is to enhance the tetragonality and the

ferroelectric distortions of BaTiO3 in strained superlattices by help of the relatively large mismatch

of, e.g., about 3% between the in-plane lattice parameters of BaTiO3 and another oxide, like SrTiO3.

Naturally, the properties of such superlattices are very sensitive to the thickness of each layer and the

microstructure of the interface. Therefore, a control of the superlattice structure at an atomic scale

and the characterization of the surface and the interfaces are particularly important. A well-defined

control of the microstructure of a superlattice, however, requires insight into the initial growth stages

of the involved thin-film materials.
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Initial growth stages of epitaxial oxides have not been studied in sufficient detail up to now. More-

over, the operating growth mechanism in BaTiO3/SrTiO3 systems is still controversial. It has still not

yet been settled whether, and under which conditions, BaTiO3 films growing on SrTiO3 substrates

by pulsed laser deposition (PLD) are growing with a layer-by-layer growth mode[6] or with an is-

land growth mode[9]. Layer-by-layer growth has been shown to be a possible growth mechanism

taking into account the binding energies between layer and substrate obtained by electronic structure

calculations and taking into account the surface charge neutrality[10].

Considering all these aspects, the present work is dedicated first to a systematic investigation of

the initial growth stages of epitaxial BaTiO3 films growing on SrTiO3 substrates, when deposited by

PLD. Second, the obtained insight into the initial growth stages of BaTiO3 films was used to grow

BaTiO3/SrTiO3 multilayers by PLD under well-controlled growth conditions. Following these aims,

the initial growth stages and the growth mechanism of epitaxial BaTiO3 films and BaTiO3/SrTiO3

multilayers on (001) SrTiO3 substrates are studied in terms of surface morphology, crystalline orien-

tation, microstructure and interface morphology, using a combined application of atomic force mi-

croscopy (AFM), high-resolution transmission electron microscopy (HRTEM), and x-ray diffraction

(XRD).

Nucleation and film growth processes are influenced by many factors, like film-substrate lattice

mismatch, kind and spacing of defects on substrates, deposition rate and temperature. Some of these

aspects of nucleation and growth processes are summarized in Chapter 2 with emphasis on the theory

of epitaxial growth and on the three main mechanisms that govern epitaxial growth. This chapter also

gives an introduction into the structure and properties of ferroelectric films, as well as into actual

tendencies of their downscaling.

Chapter 3 is dedicated to the discussion of the deposition method and the investigation techniques

used in the present study. The experimental setup is presented, and some advantages and problems

involved in the applied methods are discussed.

The experimental results and a detailed discussion of them are presented in Chapter 4. Atomi-

cally flat surfaces of (001)-oriented SrTiO3 substrates have been prepared by a specific etching and

annealing treatment described in detail in Section 4.1. Special attention has been paid to the initial

growth stages of BaTiO3 films with emphasis on the nucleation and the different growth stages as

a function of the film thickness (Section 4.2.). A study of epitaxial BaTiO3/SrTiO3 multilayers in

terms of the surface morphology, the crystalline orientation, the microstructure and the film=substrate

interface morphology is presented in Section 4.3. The dielectric properties of the grown films and

multilayers and their possible relations with the microstructure are described in Section 4.4.



2 Ferroelectric oxide thin films - structure,

growth, downscaling

2.1 Ferroelectrics - crystal structures and properties

2.1.1 Overview

The phenomenon of pyroelectricity, i.e. the property by some materials of a temperature-dependent

spontaneous electric dipole moment had been known for long times, before in 1880 piezoelectric-

ity was discovered, which is defined as the generation of an electrical polarity by the application of

mechanical stress. Ferroelectricity was discovered in 1921 by the observation of a ferroelectric hys-

teresis loop in Rochelle salt[11; 12]. Ferroelectrics are materials that belong to the pyroelectric family,

showing a spontaneous polarization in the absence of an external electric field, and within a certain

range of temperatures and pressures. The property that distinguishes ferroelectrics from other pyro-

electrics is the switchability of their polarization, i.e. in ferroelectrics the direction of the polarization

can be changed by an external electric field or by mechanical stress[13]. Ferroelectrics are usually

divided into separate regions (domains) which differ in the direction of the spontaneous polarization.

Ferroelectric crystals can have structures with different degrees of complexity, from a most simple

unit cell like that of the cubic perovskite structure (e.g. BaTiO3) - to rather complex unit cells like

that of the layered perovskite structures (e.g. SrBi2Ta2O9) (Fig. 2.1).

The very important group of ferroelectrics known as perovskites is named after the mineral

CaTiO3. The ideal perovskite structure of the general formula ABO3 is cubic (space group Pm3m)

with the A cations situated at the corners of the cube (A - monovalent or divalent metal), the B cations

at the center (B - tetravalent or pentavalent metal), and the O2� anions at the centres of the faces. The

BO6 octahedra are corner-linked.

The first discovered ferroelectric with a perovskite structure was BaTiO3, the discovery of which

was largely a consequence of war-time research in electronic components, particularly capacitors, cf.
[14].

The polarization states in a ferroelectric crystal are due to the displacement of positive metallic

and negative oxygen ions in opposite directions (Fig. 2.2). This displacement reduces the symmetry

of the crystal from cubic to tetragonal. Thermodynamically stable, these states can be switched from

one to the other by applying an external electric field larger than the coercive field Ec. As a rule,
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Fig. 2.1: Unit cells of two fer-
roelectric crystals: (a) the cu-
bic perovskite structure (BaTiO3)
and (b) the layered perovskite
structure (SrBi2Ta2O9).

ferroelectrics are transforming from the ferroelectric phase at low temperature to a non-ferroelectric

phase at the higher temperature Tc. Tc is usually called the Curie temperature.

Epitaxial oxide thin films are potentially important for the electronics industry because they may

exhibit a large number of useful properties (Fig. 2.3). The ferroelectric BaTiO3 is one of the most

promising of these materials.

2.1.2 Barium Titanate

The origin of ferroelectricity in BaTiO3 was studied since 1950. It has been attributed to long-range

dipolar forces which, due to the Lorentz local effective field, tend to destabilize the high-symmetry

configuration favored by the local forces[16]. Correspondingly, the sensitivity of ferroelectrics to their

composition and to defects, electrical boundary conditions and pressure arises from a balance between

the long-range Coulomb forces and the short-range repulsions[17].

BaTiO3 is paraelectric (non-polar) and of the proper cubic perovskite structure at high tempera-

tures. The crystal structure consists of a set of TiO6 octahedrons sharing the oxygen atoms, and with

the Ba ions in between the octahedrons, at the centers of the cubic unit cell [see Fig. 2.1(a)]. BaTiO3
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Fig. 2.2: Unit cell of a ABO3 ferroelectric with polarization up (a) and down (b).

has three ferroelectric phase transitions: cubic to tetragonal at 393 K, tetragonal to orthorhombic at

278 K, and orthorhombic to rhombohedral at 183 K. The ferroelectric distortions involve small dis-

placements in the cations relative to the anions, leading to a net dipole moment per unit volume - the

spontaneous polarization.

Macroscopically, ferroelectrics can be described in a thermodynamic context writing the Gibbs

free energy:

dG =�SdT + xidXi�DidEi (2.1)

where G, S, T, E and D are the Gibbs free energy, the entropy, the temperature, the electric field, and

the electric displacement (D = ε0E + P, P being the polarization), and xi and Xi are the components

of strain and stress. One of the thermodynamic theories of ferroelectricity is the one by Devonshire,

developed in the 1950ies based on the Ginzburg-Landau theory, with specific reference to BaTiO3,

describing both polar and non-polar phases by the same energy function[18; 19]. By expanding the

free energy as a function of polarization and strain and making reasonable assumptions about the

coefficients, Devonshire was able to calculate various crystal transitions, and to deduce, e.g. dielectric

constant, crystal strain, internal energy, and self polarization as functions of temperature. The simple

polynomial form of the Gibbs free energy is expressed in powers of displacement:

G =
1
2

αD2
+

1
4

γD4
+

1
2

δD6 (2.2)

where α , γ , and δ are coefficients. Only one of these coefficients is temperature dependent (for χ and

C, see next page):

α =
1
χ
=

(T �Tc)

C
(2.3)

The ferroelectric transitions in BaTiO3 are first-order phase transitions and they occur from the para-

electric phase, which is determined by the point-symmetry group Oh(m3m) as follows:

Oh(m3m)
 C4v(mm4)
 C2v(mm2)
 C3v(3m) (2.4)



2.1 Ferroelectrics - crystal structures and properties 6

Fig. 2.3: Application potential and fundamental technical terms of epitaxial oxide thin films, according to ref.
[15].

where Oh, C4v, C2v, and C3v are the crystallographic symbols for the cubic, tetragonal, orthorombic

and rhombohedral phases, respectively.

The temperature dependence of the dielectric susceptibility, χ (Fig. 2.4) is described by the Curie-

Weiss law[20]:

χ =
C

T �θ
(2.5)

where C is the Curie constant (for BaTiO3, C varies from 1.56�105 degrees to 1.73�105 degrees), and

θ in the Curie-Weiss temperature. For BaTiO3, θ varies within 10Æ below the Curie temperature.

In general, the Curie temperature, Tc, is considered to be at 120 ÆC. Above the Curie temperature,

BaTiO3 is a cubic crystal.

At the transition temperatures, the dielectric constant in all the crystallographic directions has a

maximum[21] as shown in Fig. 2.5.



2.1 Ferroelectrics - crystal structures and properties 7

Fig. 2.4: Temperature depen-
dence of the dielectric suscepti-
bility (1) and the spontaneous po-
larization (2) in: (a) first-order
phase transition and (b) second-
order phase transition, according
to ref.[20].

Fig. 2.5: Temperature depen-
dence of dielectric constants εa

and εc of a BaTiO3 single crystal,

according to ref.[21].

Insulating BaTiO3 can become semiconducting by annealing in a reducing atmosphere or by dop-

ing with suitable ions. In case of doping, substitution can occur either at the Ba sites with a trivalent

element such as Y3+ or La3+ or at the Ti sites with a pentavalent element such as Nb5+[22]. Semicon-

ducting doped BaTiO3 ceramics are well known for the positive temperature coefficient of resistivity.

Also, semiconducting doped BaTiO3 films could be of interest as top electrodes for high-k BaTiO3-

based capacitors. This implies, however, the ability of finely controlling the oxidation and doping

level in the top layer, while not degrading the buried insulating high-k layer.

2.1.3 Strontium Titanate

In the 1960ies and 1970ies SrTiO3 was the subject of extensive research activities. It was the first

material for which it was demonstrated that the strong increase of the static dielectric constant at low

temperatures is associated with the softening of a long-wavelength transverse optic phonon mode [23].

SrTiO3 has been studied extensively because of its electronic properties and structural behavior. The

important electronic properties include semiconductivity and superconductivity. At high temperatures

the dielectric constant follows a Curie-Weiss law suggesting a ferroelectric phase transition at about

35-40 K[24]. The superconductivity of SrTiO3 was discovered in 1964 by Schooley et al.[25] showing

that superconducting transitions occurred within a range of less than 0.1 K at about 0.25 K.

SrTiO3 has a perovskite structure and is one of the few titanates which is cubic at room tempera-

ture. There is a structural phase transition from cubic to tetragonal at 110 K and to orthorhombic at
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65 K[26]. In the cubic cell of SrTiO3, Sr2+ ions are surrounded by eight O2� ions and six Ti4+ ions.

They occupy the larger space at the center of the cubic cell (Fig. 2.6).

Fig. 2.6: SrTiO3 unit cell struc-
ture (cubic, at room temperature,
with ac = 0.3905 nm) seen along
the [120] direction.

The Curie temperature of SrTiO3 is close to 40 K and it has been shown conclusively that quantum

fluctuations suppress long-range ferroelectric order at low temperatures[27].

SrTiO3 is also important from a technological point of view due to its large dielectric constant

and its large dielectric breakdown field which make it a potential candidate for storage capacitor

cells in DRAMs [28]. Its large dielectric nonlinearity at low temperatures is a desirable property

for tunable filters or phased array antennas [29; 30]. Also, the structural compatibility with high-

temperature superconductors like YBa2Cu3O7�δ leads to an increased interest in thin film microwave

applications[31].

2.2 Film nucleation and growth

Thin solid films are formed from the vapor phase on a substrate by a process which usually involves

the nucleation and growth of individual islands (or clusters). In the initial stage, small nuclei are

formed from individual atoms or molecules. Then, as time progresses, these islands grow, eventually

coalesce, and finally form a continuous film which then grows in thickness[32]. Depending on size,

shape, area density and growth rate of the individual islands, a rich variety of morphologies and

structures of thin films may result.

Some of the important processes during nucleation and growth of thin films on a substrate are

schematically shown in Fig. 2.7. Atoms arrive from the vapor phase and they are adsorbed on the

surface. The incident rate is mostly dependent on the deposition parameters. Adsorbed atoms can

subsequently diffuse on the surface with a diffusion coefficient which strongly depends on the sub-

strate temperature. Adsorbed atoms can either re-evaporate or form clusters which subsequently may

develop into large clusters. Only above a critical size clusters are stable (“critical nucleus”). Single
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Fig. 2.7: Processes in the nucleation and growth of crystals on a substrate.

atoms can diffuse across the substrate to join stable clusters, or they can impinge directly on the grown

clusters and become incorporated into them. The balance between growth and dissolution processes

for a given cluster is governed by the total free energy of the cluster, relatively to an assembly of

individual atoms.

Fig. 2.8: Sequence of the incor-
poration of atoms at a kink site
of the surface, according to ref.
[33].

Optimal binding forces exist in the case of an atom positioned on surface terraces, at ledges on the

surface terraces or at kinks at the ledges[33]. In addition, atoms may migrate along the surface terrace

until they reach a kink site at the ledge or else may be desorbed (Fig. 2.8). Since the concentration

of ledges varies with the orientation of crystal faces, these processes may be different on different

faces of the surface, under the same experimental conditions. Faces of different orientation have

different surface structures[35] (Fig. 2.9). Atomically flat faces, such as the (100) face of simple cubic

structures, do not show steps under ideal conditions. They are called singular faces. Faces other than

singular ones show various degrees of ledge density, depending on their orientation. Faces differing by

small angles from singular faces are called vicinal faces. They contain large segments of singular faces

interrupted by monatomic steps. The step density is small in this case. Faces having a high density

of steps, which increases with increasing angle from the singular faces, are called nonsingular faces.

Their steps show a large number of kinks which result in a rough surface. Interfaces corresponding to
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Fig. 2.9: Cross-sectional view of
faces with different orientation of
a simple cubic structure, accord-
ing to ref. [34].

the singular, vicinal and nonsingular faces are referred to as sharp interfaces. Their energy is usually

anisotropic because it depends on the density of steps (i.e. on the crystallographic orientation). For a

singular face the surface energy has a sharp minimum, while for nonsingular faces it is high.

Fig. 2.10: Classification of faces
into flat (F), stepped (S) and
kinked (K) faces, according to
Hartman[36].

Hartman[36] introduced a classification of crystal faces into flat (F), stepped (S) and kinked (K)

faces. In the ideal case, F faces are atomically flat, S faces are composed of ledges, and K ledges

consist of kinks only (Fig. 2.10). The essential requirement for the growth of a crystal is the presence

of a sufficient number of kinks on its faces. K faces are entirely composed of kinks, but on S and F

faces kinks are also provided by statistical fluctuations. Since S faces are composed of ledges, the kink

density on them is expected to be much higher than on F faces. A natural consequence of the surface

structure is that the F faces are the slowest growing faces, S faces grow at a faster rate than the F faces,

and K faces are the fastest growing faces, so that they are usually absent in the growth morphology.

Microscopically, F faces remain smooth, while S faces show parallel striations which appear to start

from one of the neighboring F faces. Growth of a perfect F face can take place by incorporation of

atoms at kinks of the existing ledges. When a monolayer grows out, surface nucleation occurs again

in order to provide the source of repeatable steps. The process of surface nucleation and elimination

of the ledges originating from there thus repeats discretely.
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The formation of three-dimensional (3D) clusters is usually discussed in terms of reduction in

the Gibbs free energy of the system. Corresponding to the given supersaturation of the vapor phase

and to the temperature, there is a critical value of the free energy reduction when 3D clusters of

critical sizes are formed. Only those clusters which have a size greater than the critical one grow by

incorporation of atoms at energetically favorable sites, such as a ledge on their surface or on a kink at

a ledge. Generally the involved processes, e.g. transport of the atoms or even of small clusters along

the surface, or their incorporation at ledges can be controlled by the growth conditions.

While the roles of faces, steps, and kinks have been described here for the case of 3D growth of a

cluster, or of a crystal, these roles are also similarly relevant in the case of the growth of a thin film on

a substrate, when the surface of the latter involves faces of different morphology, terraces, or kinked

steps. Therefore the morphology of the substrate is most relevant to the process of thin film growth,

particularly in case of epitaxial growth.

2.3 Epitaxial growth

Epitaxy is commonly defined as the oriented growth of a crystalline material on a single crystal

surface[37]. The first systematic study of epitaxy was published in 1928 by Royer[38], then in 1949

Frank and van der Merwe proposed a theory of epitaxy based on the concept of the pseudomorphism[39].

The epitaxial orientation is generally described in terms of the Miller indices of crystal planes

and directions. Epitaxial growth is defined by the nature and strength of the chemical bonds of both

film and substrate, and by the different lattice parameters. A measure of the latter is called lattice

mismatch, f, between the crystal lattices of the film and the substrate, defined as:

f =
afilm�asubstrate

asubstrate
(2.6)

where afilm and asubstrate are the lattice constants of the deposited material and the substrate, respec-

tively.

In general terms, the epitaxial orientation is determined by the condition of a minimum of the free

energy of the system. Epitaxial growth is classified in: (i) homoepitaxy - when film and substrate

consist of the same material, and (ii) heteroepitaxy - when they are different. The epitaxial orientation

of the film depends on the structure, i.e. the crystal planes which are coming in contact, and on

the nature of the chemical bond across the epitaxial interfaces. On an empirical base, Royer[38]

formulated the following rules:

1. Crystal planes in contact should have the same symmetry and close lattice parameters (the

difference should not be greater than � 15 %);

2. Both crystals should have the same nature of the chemical bonds;
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3. In the case of ionic crystal, the alternation of ions with opposite signs across the interface should

be preserved. The atoms of the deposited material can be bound more loosely or more tightly

to the substrate atoms than to the atoms of the same crystal. The chemical potential of the film

will vary from monolayer to monolayer due to the elastic strain[40].

Fig. 2.11: The main epitaxial growth modes.

Three epitaxial growth modes[35] have been identified: the layer-by-layer (Frank-van der Merwe)

growth, e.g., in the case of a very thin pseudomorphic layer, or in case of almost perfectly lattice-

matched materials; the island (Volmer-Weber) growth, and the layer-then-island (Stranski-Krastanov)

growth, mainly for lattice-mismatched materials (Fig. 2.11).

The classical theory of film nucleation and growth states that the “selection”of one of these growth

modes by a specific substrate-film system depends on thermodynamics, i.e. on the surface energies

of both film and substrate, and on the film-substrate interface energy[41].

The relation between nucleation processes and the occurrence of epitaxy is not yet completely

clear. However, in the island growth mode the experimental evidence strongly suggests that epitaxy

is a postnucleation phenomenon involving rotation, migration, and rearrangement of “stable”clusters.

In the layer-by-layer growth mode, the epitaxy can be “destroyed”by influencing the growth process

at a later stage incorporating impurities or defects into the growing film. The impurities can affect

the nucleation kinetics or the subsequent growth by reducing the binding energy at kink sites, or

conceivably by favouring twin or stacking fault formation. The initial layers are more or less forced

to be related epitaxially to the substrate, provided that surface diffusion is sufficiently rapid, so that

the growth of amorphous layers should not occur.

In simple terms, the growth can be considered as dependent on two competing forces[42]: one of

the film-crystal, which has the tendency to keep its own structure, the other of the substrate-crystal,

which tends to enforce its structure onto the film. The “compromise”position of the film atoms will

eventually depend on the relative strength of these two competing forces via the film-substrate misfit,

the relative bond strength, the epitaxial film thickness and the growth temperature. In many film

growth techniques, the deposition and growth rates are low enough and the relevant atomic processes
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are fast enough so that quasi-equilibrium prevails. In this case, the governing principle is the minimum

of the free energy which is strongly dependent on the interface misfit. The growth mode depends also

on the temperature and the rate of deposition. For example, the time between consecutive localized

arrivals of atoms can be insufficient for them to reach positions needed for an equilibrium state, so

that the atoms almost stay at their arrival points, except for small displacements of the order of one

atomic distance or less.

If a 3D cluster is large enough to be treated as a continuous solid, its free energy with respect to

dissociation processes (see Fig. 2.7) can be written using Green’s notation[43] as follows:

∆G = a1r2Γc�v +a2r2Γs�c�a2r2Γs�v +a3r3∆Gv (2.7)

where it is considered that the cluster has a surface area a1r2 in the vapor phase, a contact area a2r2

with the substrate and a volume a3r3 (ai - constants of geometry depending of the shape of the nuclei,

r - cluster radius). The Γ’s are the interface energies between the substrate, the condensate and the

vapor phase. The change in volume free energy on condensation of the cluster, ∆Gv, is given by the

following relation:

∆Gv =
kT
Ω

ln
P
Pe

=
kT
Ω

ln(ζ ) (2.8)

where Ω is the volume of an adatom, k is Boltzmann’s constant, T is the absolute temperature, P is

the pressure of arriving atoms, Pe is the equilibrium vapor pressure of the film atoms, and ζ is the

supersaturation. An expression for the critical cluster size r� can be obtained by maximizing ∆G in

equation 2.7:
∂ (∆G)

∂ r
= 0 =) r� =�

2Γc�v

∆Gv
and ∆G�

=
16πΓ3

3(∆Gv)
2 (2.9)

As it can be seen in Fig. 2.12, clusters larger than the critical size r� can lower their free energy

by continuing to grow, while clusters with r < r� will dissolve.

The difference in the growth mechanism is given by the sign of the following inequality:

a1Γc�v +a2Γs�c�a2Γs�v

8><
>:
� 0 , layer-by-layer growth

or

> 0 , island growth

(2.10)

The positive inequality 2.10 is automatically satisfied for 3D-island growth. If it is not satisfied, it

will be energetically more favorable for the film to form a single layer on the substrate, leading to full

layer-by-layer growth. In the simplest case, the condition can be written as follows:

Γs�v

Γc�v
�

Γs�c

Γc�v
� 1 (2.11)
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Fig. 2.12: Diagram of the free
energy versus the radius of film
nuclei[43].

Two-dimensional (2D) layer-by-layer growth is the process in which the coalescence of the islands

with a height of one unit cell exceeds the nucleation of adatoms on top of these islands. This mode

results in a smooth growth of films with a low density of structural defects.

In the opposite case, the island growth mode, small 3D clusters nucleate on the substrate. Different

islands are characterized by different growth rates, resulting in a rough surface.

An intermediate case, the Stranski-Krastanov growth mode, consists of an initial 2D growth and

a subsequent transition to 3D island growth. The 2D part of the film is usually formed by one or few

monolayers, which then act as a substrate for subsequent 3D nucleation. The initial layers have typi-

cally a height of 1 to 5 monolayers. The most obvious feature that could cause 3D cluster nucleation

on complete layers is an increase of stress with increasing layer thickness due to mismatched lattice

spacings. In cases for which the 3D nucleation occurs at a layer thickness of one or two monolayers,

strong chemical bonding forces between the film and the substrate could be involved and these will

alter the surface energy of the initial layers.

No ab initio molecular dynamic method has so far been applied to metal-oxide interfaces to de-

termine the growth mode, because it would require too much memory and calculation time. Several

molecular dynamic approaches, making use of empirical potentials have derived trends in the wetting,

the growth, and the nucleation modes of clusters on surfaces. Among them, Grabow and Gilmer [44]

have obtained a phase diagram for the growth modes as a function of parameters that characterize the

interface: the interfacial coupling and the lattice misfit parameter between the film and the substrate

(Fig. 2.13). They found out that the Volmer-Weber growth is restricted to systems in which the film-

substrate interaction is weak. Beyond a critical value, a layer-by-layer growth takes place. However,

the lattice misfit induces stresses in the film which destroy its thermodynamic stability as lattice misfit

increases. Beyond a given thickness, ranging from 2 to 5 monolayers, which is an increasing function
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of the inverse of the lattice misfit, clusters are formed. This is a Stranski-Krastanov growth mode.

Layer-by-layer mode is only seen for values of film-substrate interaction (W) larger then one, i.e.

under conditions when the lattice misfit (η) is very low[45]. For clusters of large size, there is no clear

criterion for obtaining perfect epitaxy. The influence of surface defects, such as the surface roughness

or the oxygen deficiency on the film spreading is not very well understood.

Fig. 2.13: Phase diagram for
three growth modes: layer-by-
layer growth, layer-then-island
growth, and island growth, as a
function of the interfacial cou-
pling, W, and the lattice misfit,
η , between the film and the sub-
strate (FCC - face centred cubic,
DC - diamond cubic), according
to refs.[45; 44]. The film and the
substrate have the same lattice
structure.

Conditions which influence the growth mode were summarized by Markov and Stoyanov[46] tak-

ing into account the binding energies, the substrate temperature, the deposition rate, and the crystal-

lographic orientation of the substrate, as follows:

1. When the bonding at the interface is weaker than the bonding in the film itself, the formation

of 3D islands rather than monolayers is favoured.

2. High substrate temperatures favour the growth of 3D islands either on the substrate (island

growth mechanism) or on one or several stable monolayers already deposited on the substrate

(layer-then-island growth mechanism). In addition, the higher the temperature, the larger is the

height of the 3D islands.

3. Higher deposition rates favour the layer-by-layer growth.

4. The larger the mismatch, the higher is the tendency towards island growth.

5. The more densely packed the substrate plane, the flatter the 3D islands will grow.

Theoretical and experimental efforts have resulted in a better understanding of epitaxy in the last

decades. Nevertheless, a residue of discrepancy between interface theory and related experiments is

likely to remain in the foreseeable future for the following reasons[42]:
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(i). Interface theories are equilibrium theories and describe the most favourable final configuration

of the atoms forming the transition region, depending on the parameters of the given system. But

they only rarely give information about the way in which a real physical system can achieve that

state of equilibrium. Therefore, it is necessary to experimentally investigate how a given system

of real crystals attains its equilibrium state. This involves growth kinetics and reactions of lattice

imperfections.

(ii). Many of the parameters which are essential for a theoretical study, i.e. the strength of the

interface interaction, the surface topography of the substrate or the special nucleation and growth

kinetics of the deposited film, are either unknown or are not taken into account.

The structure of the interface, and its properties, depend essentially on four parameters: (a) the

amount of the misfit between the two epitaxial materials, (b) the ratio t f ilm / tsubstrate (t f ilm is the

film thickness, and tsubstrate is the substrate thickness), (c) the strength of the interaction between

the substrate surface and the first atomic layers of the deposited film, (d) the surface condition of

the substrate and details of the growth kinetics of the first deposited layer. This includes also diffu-

sion processes and solid state reactions in the interface region and their influence on the strength of

interaction between the epitaxial materials.

Pseudomorphic growth is the simplest lattice-fitting mechanism and it occurs due to the existence

of strains in the first deposited layers. However, if the bonding force between the substrate and the

film is sufficiently weak, the film will grow with its own equilibrium lattice constant, and the substrate

will act in such cases simply as a flat carrier. If so, there will be only a relatively weak orientation of

the deposit nuclei with respect to the crystallographic directions of the substrate, and imperfections

arising during film growth will be related almost exclusively to the coalescence of the individual

nuclei.

During the past decade there has been much interest in growing epitaxial multilayers of oxides.

The thickness of each layer in the multilayer tends to be in a range of tens of nanometers, while

the overall thickness of the multilayer may vary from 1 µm to less then 100 nm. Many promising

ferroelectric-based devices, such as ferroelectric field transistors and memory capacitors, involve het-

erostructures and multilayers. The performance of the devices and the ferroelectric properties such

as polarization, fatigue, imprint and leakage current are closely related to the interfaces between the

constituent layers and to the overall microstructure of the films. Therefore it is desirable that each

constituent layer is grown epitaxially and smoothly to minimize any degradation at the interfaces and

to reduce the density of defects in the heterostructures or multilayers. A knowledge of the growth

mechanisms and surface microstructures of the individual constituents is thus very important for con-

trolling the interfaces and eventually the interface-determined properties of the multilayers.
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2.4 Scaling down ferroelectric thin films

Ferroelectric materials offer a wide range of properties which can be used in microsystems technology

and nanotechnology within memories, capacitors, detectors, sensors, and filtering devices. Nanotech-

nology is the science and engineering of creating materials, functional structures, and devices on a

nanometer scale. What is interesting in downsizing materials to a nanoscale is that the fundamental

physical and chemical properties of materials may surprisingly be altered as their constituent grains

or other entities are decreasing to a nanometer size. Nowadays, nanotechnology is a very common

term and a fashionable subject covering a wide range of activities, i. e. fabrication and exploitation of

materials, devices etc., from ultra-precision engineering and fine-line lithography through nanostruc-

tured materials to the manipulation of biological molecules. There is a strong overlap with the subject

of microsystems technology, whereby systems incorporating sensing, signal processing, actuation and

communication are or will be integrated into a single microengineering package[47].

Thin ferroelectric films of around 1 µm thickness are ideal for many sensor applications. Such

films have been fabricated by sputtering[48], metal organic chemical vapor deposition[49], and vari-

ous chemical solution deposition methods[50]. A critical issue in their manufacturing is the growth

temperature. However, a relatively high energy is involved in rf sputtering and there can be an unde-

fined degree of plasma heating of the substrate. The low energy sol-gel method involves low growth

temperatures (500 ÆC) and very thin (15 nm) individual layers[51]. Ultimate applications lie in the

fields of nanoscale fabrication and information storage, particularly in nonvolatile memory capacitor

cells. The ability to scale down ferroelectric capacitor sizes to below 1 µm2 is limited by the fol-

lowing physics-related issues[52]: (i) the dependence of the switching speed on capacitor size, (ii)

the dependence of the coercive field on frequency, (iii) the dependence of the polarization on the ap-

plied voltage at lower values, and, last but not least (iv) by possible size and interface effects, as the

occurrence of polarization decrease or imprint effects at very small sizes[53].

Micropatterning is one of the most important technologies in the fabrication of very large scale

integrated circuits. In ordinary patterning processes, homogeneous thin films of the required ma-

terials are first deposited on substrates. Resist patterns are then formed on the target films using

lithography techniques with UV light or an electron beam. Finally, the target films without resist

films are removed by dry-etching using reactive gases. With shrinking dimensions side-wall dam-

age may become important since the fabricated features will have increasingly high aspect ratios and

high surface-to-volume ratios. In the last years, several patterning methods have been developed to

fabricate structures of reduced sizes of ferroelectric thin films:

1. A selective deposition technology by electron beam induced surface reaction[54] was used

for a micropatterning process of oxides such as high-Tc superconductors[55] and ferroelectric

materials[56]. E.g., using liquid sources square Bi4Ti3O12 structures were scaled down to 1 µm

in lateral size. The advantage of this method is that each precursor micropattern of submicron

size is crystallized into a single crystal.
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2. Reactive ion etching was used to obtain 0.25 µm2 ferroelectric capacitors made of Pb(Zr,Ti)O3
[57].

The main problem of this technique is the side-wall redeposition of etch products which is dif-

ficult to remove in a manufacturing environment.

3. Focused ion-beam patterning was used for thin film based multilayers, such as Pb(NbxZryTiz)O3

in the range of 0.25-0.017 µm2 area[58]. The capacitor quality is strongly influenced by the

beam current and the main disadvantage is that it is too slow for production.

4. Electron-beam direct writing was successfully applied to prepare regular SrBi2Ta2O9 cells as

well as Pb(Zr0:70Ti0:30)O3 cells with lateral sizes down to 100 nm [52].

All the above mentioned micropatterning methods represent non-standard deposition techniques. An

ultimate challenge in preparing sub-micron ferroelectric cells is to use the conventional techniques

which are normally used for fabrication of ferroelectric thin films.

The present study is dedicated to the investigation of the growth mode of BaTiO3, the knowl-

edge of which can be considered as a prerequisite to grow ferroelectric BaTiO3 cells of small lateral

sizes or to grow very thin, smooth BaTiO3 layers within multilayer structures. A Stranski-Krastanov

growth mode has been identified. A conventional PLD method was used successfully to grow epi-

taxial BaTiO3 thin films with thicknesses decreasing down to 1 nm. Up to now, strain relaxation and

island formation in the Stranski-Krastanov growth mode have been studied in great detail in semi-

conductor systems such as Ge/Si or (In,Ga)As/GaAs grown by molecular beam epitaxy (MBE)[59].

The transition from the 2D growth to the 3D growth of Ge islands on Si (100) substrates, as well

as of (In,Ga)As islands on GaAs (100) substrates, has been discussed in terms of a dislocation-free

Stranski-Krastanov growth mode [60; 61]. In the present work, the Stranski-Krastanov growth mode

is studied for the first time in case of perovskites. The obtained results are likely to deepen the un-

derstanding of the growth of thin perovskite films. They are particularly significant in view of actual

efforts to grow artificial superlattices (epitaxial superstructures) involving very thin individual lay-

ers of BaTiO3 and/or SrTiO3. For example, epitaxial BaTiO3/SrTiO3 artificial superlattices with a

thickness of the individual layers in the order of 5 to 10 nm are currently studied aiming at either an

improvement of the ferroelectric properties or the achievement of new dielectric properties. Optimiz-

ing these properties certainly requires a good understanding of the initial growth mode of these very

thin individual layers, to which the present work should be able to contribute.



3 Experimental and characterization

methods

3.1 Pulsed laser deposition

3.1.1 Introduction and principle

A number of techniques are now available to produce high quality thin films of ferroelectrics (see

Table 3.1). Thermal evaporation (TE) represents a physical vapor deposition process using a heated

crucible or an electron beam evaporator as the vapor source[62]. Sputter deposition (S) is performed

by extracting ions from a plasma at keV energies that strike a target consisting of the material to

be deposited[63]. Molecular beam epitaxy (MBE) uses continuous molecular beams generated by

Knudsen sources[64; 65]. The deposition flux in chemical vapor deposition (CVD) is derived from

the reaction of two or more gaseous chemicals on or above a heated substrate[66]. Heaters above

the substrate provide the energy necessary to sustain the reaction. Metal organic chemical vapor

deposition (MOCVD) is similar to CVD, except that the reacting gases are metal-organic compounds

that widen the range of materials that can be deposited by normal CVD.

Table 3.1: Most known deposition processes.

Technique Acronym Experimental purpose Reference

Thermal evaporation TE optics, protective coatings, [67]

electronic materials

Sputtering S electronic materials, optics, [68; 69; 70]

(RF, magnetron, ion beam) protective coatings

Molecular beam epitaxy MBE electronic materials [71; 72; 7]

[73; 74; 75]

Chemical vapor deposition CVD protective coatings, structural [76]

and electronic materials

Metal-organic MOCVD electronic materials [77; 78; 79; 80]

chemical vapor deposition [81; 82; 83; 84]

Pulsed Laser Deposition PLD electronic materials [85; 86; 87]
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Physical vapor deposition techniques such as plasma and ion beam sputter deposition and pulsed laser

ablated deposition are extensively used for synthesizing single and multicomponent and multilayered

thin films[88]. The development of PLD has moved rapidly since the discovery of high-temperature

superconductor oxides in 1986[89]. These oxides have a perovskite-based crystal structure similar

to many ferroelectric materials and have been deposited as epitaxial films by, e.g., PLD[90]. This

deposition technique offers a number of advantages over the other techniques used for the preparation

of thin films of ferroelectrics; in particular, epitaxial films can be deposited at rather low substrate

temperatures and high deposition rates, over a large range of target phases and compositions, and

with few experimental parameters to optimize. An automated PLD technique involves ablation of

elemental targets (metals or their oxides) sequentially exposed to an excimer laser beam using a

computer-controlled system.

The physical phenomena involved in the interaction of high-power nanosecond excimer-laser

pulses with bulk targets resulting in evaporation, plasma formation, and subsequent deposition of

thin films were studied by Singh and Narayan[91; 92]. They developed a theoretical model for simu-

lating the laser-plasma-solid interaction. Based on the nature of interaction of the laser beam with the

target and the evaporated material, the pulsed laser evaporation process has been divided into three

separate regimes: (i) interaction of the laser beam with the bulk target, (ii) plasma formation, heating,

and initial three-dimensional isothermal expansion, and (iii) adiabatic expansion of the plasma and

deposition of thin films (Fig. 3.1). The first two processes occur during the time interval of the laser

pulse, while the last process begins after the laser pulse has terminated.

Fig. 3.1: Schematic diagram of
the laser interaction with the
plasma target showing different
phases[91]: (I) unaffected bulk
target, (II) evaporated target sur-
face, (III) dense plasma absorp-
tion of the laser radiation, and
(IV) expanding plasma.

Thus the impact of the laser beam on the target surface results in a complex process including ab-

lation, melting, and evaporation of material, and producing a plasma due to excitation and ionization

of the species ejected from the target by the laser photons. All these processes are triggered by the

transformation of electromagnetic energy into electronic excitation, followed by a transformation into

thermal, chemical, and mechanical energy. The materials ejected from the target are finally deposited

onto a substrate.

Device structures which have been fabricated using PLD-grown ferroelectric thin films include

non-volatile random access memory (NVRAM) test structures with oxide electrodes[93], surface

acoustic wave (SAW) devices[94], tunable radio frequency (RF) phase shifters[95], acoustic wave
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transducers[96], electro-optic switches[97], and pyroelectric sensors[98]. A recently renewed interest

in ferroelectric thin films can be observed due to their potential with respect to smart materials and

active sensors in smart devices[99]. In fact, new applications for ferroelectrics will likely be conceived

as the ability to prepare high quality films with specific properties is realized[100]. PLD is already

making impact in this developing field by combining several materials in view of discovering new

materials with improved properties. The versatility of the PLD technique is demonstrated by the fact

that close to 128 different materials have been deposited as thin films[101]. For example, PLD can

be used advantageously to synthesize high-quality multicomponent oxide thin films including ferro-

electrics, high-temperature superconductors, electro-optic and optical materials[102; 93]. A balanced

description of advantages and disadvantages of the PLD technique to synthesize high temperature

superconductors and ferroelectric films has been presented in several reviews[103; 104; 105; 87]. Key

advantageous features of the PLD technique include: (1) the possibility of a straightforward trans-

fer, under certain conditions, of a target stoichiometry to the film; (2) the ability to deposit in high

background pressures, which in this case minimizes vaporization of volatile species from the film; (3)

the ease of deposition at elevated substrate temperature which enables epitaxial film growth and can

minimize the thermal budget during processing, and (4) the demonstrated high deposition rate (about

10 Å/s).

Preparation of (Ba,Sr)TiO3 thin films has been carried out by reactive evaporation[106], rf-sput-

tering[107], metal organic chemical vapor deposition[8], sol-gel[3], and laser ablation methods[4]. The

main problem of MOCVD for BaO, SrO, or rare earth-based oxides is the poor volatility and thermal

stability of the precursors. Different approaches, mainly using a liquid source, have been proposed to

solve this problem. Pulsed liquid-injection MOCVD deposition permits the generation of a stable gas

phase from unstable precursors. By adjusting the injection parameters and the molar concentration

of the solutions, a “layer-by-layer”growth mode can be approached. This technique is based on the

computer-controlled injection of micro-droplets of precursor solution into the evaporator system. In

recent years, PLD was developed as a significant method to study the growth processes of oxide thin

films.

3.1.2 PLD system

The PLD system used in the present study is schematically shown in Fig. 3.2. This PLD system

consists of a KrF excimer laser (λ = 248 nm, λ - wavelength of the emitted radiation) (Fig. 3.3) and

a UHV system in turn consisting of a load lock and a deposition chamber.

The laser beam is directed onto the target by an optical system of lenses. The lens and window

materials are chosen to minimize any absorbtion of laser light and thus to ensure a maximum attain-

able laser energy on the target. The laser beam is focused at an angle of 45Æ onto one out of four

pressed ceramic powder targets (e.g., BaTiO3 or SrTiO3 targets) located in the vacuum chamber (Fig.

3.4).
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Fig. 3.2: Scheme of the pulsed laser deposition system used in the present study (according to Fa. Surface -
Hückelhoven, UHV-Laserablationsanlage LDS 3/12, Systembeschreibung). The entrance of the laser beam is
on the rear side (not visible here).

The SrTiO3 substrates (10x10x1 mm3) are glued on a Si (3") carrier wafer using silver paste

allowing a good thermal contact between the SrTiO3 substrate and the Si wafer. Then the carrier

wafer with the substrate is mounted on a stainless steel substrate holder which is finally introduced

into the deposition chamber using a load-lock system controlled by computer. The distance between

the sample holder and the target carousel holder, the selection of the target to be ablated (out of several

targets), as well as the entire deposition process are controlled by two computers. Selection of the

target, laser energy, and laser repetition rate can be chosen in the desired order. The temperature is

measured inside the heater block with a K-type thermocouple and the maximum temperature achieved

is about 850 ÆC.

3.1.3 PLD Parameters

General considerations

When the laser radiation is absorbed by the solid surface of the target, electromagnetic energy is

converted first into electronic excitation and then into thermal, chemical, and even mechanical energy

to cause evaporation, ablation, excitation, plasma formation and exfoliation. The evaporated material

forms a plume which consists of a mixture of energetic species including atoms, molecules, electrons,

ions, clusters, and droplets. The collisional mean free path inside the dense plume is very short. As
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Fig. 3.3: Scheme of the design of
the excimer laser discharge cir-
cuit used in the present study.

Fig. 3.4: Schematic diagram of
the vacuum chamber used in the
present study.

a result, immediately after the laser irradiation, the plume rapidly expands from the target into the

vacuum or background gas forming a jet with hydrodynamic flow characteristics. This way, the

deposition process by PLD consists of three stages:

1. The laser beam strikes the target producing a highly forward-directed plume of partially ionized

gas.

2. This plume interacts chemically and physically with the laser beam and the background ambi-

ent.

3. The ablated material condenses onto a usually heated substrate where a thin film grows.

Each of these processes plays an important role in the deposition of high quality films. The adjustable

experimental parameters are the laser fluency and (to some extent) the wavelength, the composition,

structure (i.e. phase) and density of the target, the reactive background gas and its pressure, and

the substrate temperature. Understanding how the experimental conditions affect the nucleation and

growth of laser-deposited films is an area of research activity in its own right. It is very important to

understand the parameters which influence the growth in order to control them and to determine the
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film properties, such as orientation, microstructure, and dielectric properties. A discussion of these

parameters is the subject of this section.

Target material

Ideally, when ablating the target, the laser should cause a stoichiometric transfer of the compo-

sition of the target to the growing film. Complex-oxide targets are usually obtained from sintering

mixtures of the component metal oxides or from calcination of oxide powders. “Fully reacted” tar-

gets result from a complete solid-state reaction during the sintering process, whereas “pressed-oxide”

targets result only from a mechanical process. Since sintering takes place at high temperatures, it

is possible that volatile components of the target may be lost during this process, especially at the

surface. Usually the pressed-oxide targets are processed at much lower temperatures (below 600 ÆC)

than the fully reacted targets, and therefore are less affected by losses of volatile components[108].

In order to stabilize the target, the deposition process is typically preceded by a target “burn-

in”, during which the target is irradiated by several laser shots prior to using it for the film growth.

The purpose of this process is to expose fresh material, and maintain a steady-state composition at

the target surface. The surface composition may differ from that in the interior of the target due to

segregation phenomena that may occur during target ablation. This burn-in process should be repeated

whenever the ambient gas conditions are changed because the segregation process is sensitive to the

ambient.

A disadvantage of PLD, in general, is the presence of droplets on the substrate surface. The

droplets generated by laser ablation can be due to: (i) protrusions, pits, craters or microcracks that

exist in a fresh target or are progressively formed after substantial laser irradiation, being removed

from the target due to the thermal and mechanical shock induced by the laser; (ii) rapid expansion of

trapped vapor bubbles beneath the surface during laser irradiation, causing forced ejection of surface

material; (iii) splashing of the molten layer near the upper surface of the target due to rapid surface

evaporation (most commonly observed in case of use of high-power lasers); (iv) condensation of va-

por material due to supersaturation (most likely observed in case of use of high gas pressure). Many

attempts have been made to avoid the presence of droplets. In case of metals two kinds of droplets

(depending on the expelling place, that is from the cones growing out of the target or from the molten

surface) have been observed, which have different sizes, angular distributions, velocities, and depen-

dencies on the number of pulses, the roughness of the target and the density of the laser energy[109].

The stoichiometry of the oxide targets plays an important role in the density of droplets [110].

Substrate temperature

The role of the substrate temperature in controlling structure and composition of the film is a pri-

mary one. Effects of the substrate temperature appear to be most important in obtaining a particular

crystal structure and orientation. E.g., a minimum temperature is usually required to grow crystalline
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films rather than amorphous, or epitaxial films rather than polycrystalline. This temperature should be

below the temperature at which extensive vaporization of volatile film components occurs. The ther-

mal energy that the condensing species attain on the substrate surface allows to increase the surface

mobility and the energy for nucleation and growth of the film. At a particular temperature necessary

for these processes to successfully occur, however, some volatile components may not stick to the

substrate and/or some may evaporate after incorporation into the film.

Several research groups prepared thin films at near room temperature (conditions typically re-

quired for stoichiometric, but amorphous materials) followed by post-deposition annealing at high

temperature to recrystallize the material and to induce ferroelectricity. The polycrystalline films that

result from post-deposition treatments may not be fully crystallized and are typically neither oriented

nor dense. In-situ deposition, positioning the substrate onto a heated stage, is the preferable approach

to achieve high quality film growth and can yield dense and epitaxial films.

However, measurement of the true substrate temperature is difficult. Therefore, a temperature

window for optimum film growth is frequently given in terms of the temperature of the heater.

Each ferroelectric material appears to have a distinct substrate temperature range that is optimum

for epitaxial film growth, falling roughly within a 550 ÆC to 800 ÆC window or even higher. BaTiO3

was reported to grow epitaxially at temperatures ranging from 670 ÆC to 750 ÆC on MgO by Norton et

al.[111]. Davis and Gower[112] found that BaTiO3 will not grow epitaxially at temperatures below 600
ÆC. c-axis textured BaTiO3 films were deposited at a substrate temperature as low as 600 ÆC by Lin et

al.[113]. Although depositions performed at 750 ÆC on MgO and SrTiO3 substrates yielded the (001)

orientation of the BaTiO3 films, detailed analysis revealed that the crystallinity of films deposited

on SrTiO3 substrates is clearly superior to that of films deposited on MgO substrates. Low substrate

temperatures (550� 650 ÆC) tend to induce the growth of (110) grains. Non-(001) orientations appear

when the oxygen pressure is either too low or too high.

Oxygen partial pressure

At a given substrate temperature, the incorporation of a volatile atom into the film is greatly

dependent upon the pressure of the oxidizing atmosphere. This can be understood from the decrease

in vapor pressure observed for metals when they become oxidized. The ambient gas, however, must

not only help to keep the atoms on the surface once they arrive, but must also contribute to avoid

oxygen losses. In-situ fabrication of oxide thin films is generally carried out in an oxygen ambient.

Oxygen atoms, ions or molecules in the deposition chamber react with the plume and thus contribute

to an optimal oxygen content in the thin film during growth.

At low gas pressure, the scattering of the ejected species by the gas atoms or molecules is the

dominant process that determines the relative Ba/Ti content of the deposited films, while at high oxy-

gen pressure, the combination of the initial scattering and the further diffusion that takes place once

the injected species have been thermalized is the process that determines the film composition [114].
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Norton and Carter deposited BaTiO3 films on (100) MgO substrates using different oxygen partial

pressure and they studied the nucleation and growth of BaTiO3 by transmission electron microscopy

observing two different microstructures as a function of pressure[111]: Higher oxygen pressure (�

0.40 torr) yielded epitaxial film growth, while lower pressures gave rise to polycrystalline films.

The preferred orientation of thick BaTiO3 films was found to depend on the deposition pressure[115].

A (100)-orientation was developed below 1 mTorr deposition pressure, while the (110)-orientation

was found above 200 mTorr deposition pressure. During the deposition between 50 and 100 mTorr,

the preferred orientation varied between (111), (110), and (100). It has been observed that the growth

of a c-axis-oriented BaTiO3 film is favoured by a lower oxygen pressure, while the growth of an a-

axis-oriented BaTiO3 film is favoured by a higher oxygen pressure[116]. The lattice constant normal

to the substrate decreases with increasing oxygen pressure, probably due to a particle bombardment

mechanism and=or thermal vibrations. Moreover, a higher deposition temperature results in an in-

creased mobility of the adsorbed BaTiO3 clusters and in a better film recrystallization.

Different temperature and oxygen pressure conditions which have been used by different groups

are summarized in Table 3.2.

Table 3.2: Different deposition conditions for BaTiO3 films used in PLD.

author[reference] substrate temperature (ÆC) oxygen pressure (mbar)

Davis[112] MgO (100) 575 -
SrTiO3 (110) 850 -

LiF (100) 600 -

Ito[117] MgO (100) 650 � 700 0.05

Kim[115] Pt=SiO2=Si 700 0.0013 � 0.26

Gonzalo[114] MgO (100) 700 1
Si (100) RT 10�7

Hwang[118] Pt/Ti/SiO2/Si (100) 750 0.13

Srikant[119] MgO (001) 700 � 750 0.13 � 0.26

Kim[120] MgO, LaAlO3, Pt/Ti/SiO2/Si 500 � 800 0.4

Khan[121] SrTiO3 (100) 650 0.26
sapphire (0001) 700 0.26

Suzuki[122] SrTiO3 700 0.01

Beckers[123] MgO (001) 1000 0.004

Lin[113] MgO (001) 750 0.1
SrTiO3 (001) 750 0.1

YBCO/CeO2/SrTiO3 (001) 730 0.1

Liu[124] MgO (100) 750 0.1
YBCO/SrTiO3 (001) 750 0.15

Boikov[125] MgO, LaAlO3, SrRuO3 (100) 740 � 785 0.4
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Film-substrate lattice mismatch

While the substrate temperature is an important parameter for deposition to obtain epitaxial films,

the mismatch between the lattice constants of film and substrate is equally critical. The lattice mis-

match is defined as shown in eq. 2.6. Epitaxial film growth occurs most readily when the lattice

spacing and symmetry of the substrate closely match those of the desired film.

In fact, the requirements to the substrate are even more complicated. Thus, substrates should have

thermal expansion coefficients close to that of the oxide film material, otherwise due to shock during

thermal cycling, the grown films are known to develop microcracks leading to discontinuities in the

films. Another requirement for the substrate material is to be chemically compatible in terms of the

nature of the chemical bonds.

Several usual substrates and their mismatch with respect to the BaTiO3 lattice constants have been

summarized in Table 3.3.

Table 3.3: Lattice mismatch between BaTiO3 film and several substrates.

Substrate Structure Lattice constant Mismatch with BaTiO3
BaTiO3 tetragonal a = b = 3.994 Å

(perovskite structure) c = 4.038 Å
SrTiO3 cubic ac = 3.905 Å 2.28 % along a-direction

(perovskite structure) 3.4 % along c-direction
MgO cubic ac = 4.212 Å -5.17 % along a-direction

(NaCl structure) -4.13 % along c-direction
Al2O3 trigonal a = 5.14 Å -22.29 % along a-direction

(sapphire structure) -21.44 % along c-direction
YSZ cubic ac = 5.16 Å -22.59 % along a-direction

(fluorite structure) -21.74 % along c-direction
Si cubic ac = 5.43 Å -26.44 % along a-direction

(diamond structure) -25.63 % along c-direction
YBa2Cu3O7 perovskite- a = 3.83 Å 4.28 % along a-direction

-derived b = 3.89 Å 2.67 % along b-direction
structure c = 11.68 Å -65.42 % along c-direction

LaAlO3 rhombohedral a = 5.364 Å -25.54 % along a-direction
(perovskite structure) c = 13.11 Å -69.19 % along c-direction

It was observed that epitaxial BaTiO3 deposited by PLD shows different growth mechanisms on

different substrates because of different lattice mismatch. For example, BaTiO3 was reported to grow

on MgO (cubic, ac = 0.4231 nm) following an island growth mode[111], whereas BaTiO3 thin films

grown on SrTiO3 substrates seems to follow the layer-by-layer mode[6].

A dependence of the lattice parameter on film thickness was reported for an epitaxial system with

a small lattice mismatch such as BaTiO3 on SrTiO3
[107; 126; 127; 73; 74]. In this case, if the thickness
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of the BaTiO3 film is under a certain critical value, the epitaxial film can grow two-dimensionally,

whereas when the thickness exceeds a critical value misfit dislocations are introduced, lattice relax-

ation occurs, and the lattice parameter of the film becomes (almost) equal to that of the bulk.

Target-substrate distance

Thickness and composition of the thin films grown by PLD are functions of the distance between

the target and the substrate. The laser-evaporated neutral and ionized particles travel at a speed of

about 106 cm/s in vacuum[128]. As the oxygen partial pressure increases, the velocity of these parti-

cles decreases due to collisions. If the substrate-to-target distance is small, the grown films are known

to contain large number of particulates (droplets).

An optimal distance of 4 - 7 cm was used by various groups.

Laser energy and repetition rate

When a target is bombarded with ions, electrons, single photons, or pulsed photons (called laser

pulses), a mechanism of particle emission is generated. This mechanism is called ablation or de-

sorption. Bombardments with pulses of particles (called secondary mechanism) differ fundamentally

from bombardments with single particles (called primary mechanism) in which emitted particles of-

ten have a sufficiently high density to interact[129]. The secondary mechanism includes collisions,

thermal and electronic processes, exfoliation, hydrodynamic processes, and condensation. All the

above mentioned processes depend on whether the release is from a solid surface or from a loose

powder reservoir, and they also depend on whether particles that are backscattered toward the surface

are reflected or absorbed (i.e., recondensed).

At low laser energy densities, small quantities of emitted neutral and ionized material become

detectable. For many materials, significant removal rates begin at high temperatures, which, in turn,

necessitate high laser energy densities, called threshold1 for laser ablation[130]. Increasing the laser

energy usually results in two threshold effects: significant material removed and the appearance of

the luminous plasma plume. These threshold effects are most often described by an evaporation and

a subsequent absorption of a part of the laser pulse by the vapor phase.

The laser fluence can affect the chemical composition of the plume. However, the extent to which

the laser will affect the incorporation of volatile constituents into the growing film is minor. An im-

portant criterion for the laser-assisted approach to be successful is to adjust the time delay between

the two laser pulses, such that the firing of the second laser coincides with the arrival of the laser-

ablated species at the substrate surface. The photons apparently stimulate the motion of atoms and

small molecules on the film surface by increasing the local surface temperature. The advantage of

PLD is that much lower average processing temperatures are required. The second laser pulse may

1The ablation threshold is defined as the energy density, in J/cm 2, at which measurable material-removal begins.
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even enhance the nucleation rate of the ferroelectric phase. Sometimes nucleation effects dominate

the formation of a particular phase. Overcoming the activation energy for nucleation is usually ac-

complished through increased substrate temperatures. A competition between the formation of the

various crystalline phases can exist.

Blank et al.[131; 132; 133] succeeded to enhance the layer-by-layer growth mechanism by increas-

ing the time interval between the laser pulses in the so-called pulsed laser interval deposition, so that

the film structure can reorganize or relax during the interval between two pulses.

A great amount of control of the film structure and orientation involves the optimization of all

deposition parameters. It should be noted that the PLD parameters discussed above are not all inde-

pendent. A change in a parameter may bring about a change in the others, and a reasonable variation

even in one parameter calls for the optimization of the other parameters as well. In the present study,

PLD parameters were optimized for each material under investigation.

Experimental conditions used in the present study

The deposition conditions used in the present study for epitaxial BaTiO3 and SrTiO3 films grown on

(001)-oriented Nb-doped SrTiO3 (SrTiO3:Nb) substrates by PLD are summarized in table 3.4.

Table 3.4: Deposition conditions used in the present study.

Substrate Target Target-substrate Deposition Oxygen Laser Laser
material material distance temperature pressure energy repetition rate

SrTiO3:Nb BaTiO3 6 cm 700 ÆC 0.2 mbar 600 mJ 1 Hz
SrTiO3 6 cm 700 ÆC 0.2 mbar 600 mJ 1 Hz

Commercial BaTiO3 and SrTiO3 targets were used in the present study (The BaTiO3 target was

supplied by Praxair Speciality Ceramics, and the SrTiO3 target was made by Superconductive Com-

ponents). Both BaTiO3 and SrTiO3 targets were prepared by a ceramic method. The BaTiO3 target

was prepared from powder, by cold-isostatically pressing and then sintering at a temperature of 1325
ÆC. A high-density BaTiO3 target (purity of 99.9%) was encapsulated into a Cu cup using an alloy of

In and Sn (90wt% In and 10wt% Sn) to prevent possible cracks. After sintering, the diameter and the

surface of the BaTiO3 target were machined to the final target thickness and dimension, in this way

also removing any surface contamination that may have resulted from the previous handling steps.

The SrTiO3 target was prepared in the same way, from phase pure powder, and it was sintered for 4 -

8 hours at 1250-1350 ÆC in air. The target size is about 50 mm in diameter and 6 mm in height. Phase

purity and the structure were confirmed by x-ray diffraction (Fig. 3.5).

In the present study, targets are kept in vacuum and they are polished regularly and then burned

before each deposition to reduce the density of droplets.
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Fig. 3.5: X-ray diffraction pat-
terns of polycrystalline BaTiO3
and SrTiO3 targets

The optimum temperature for the epitaxial BaTiO3/SrTiO3 deposition was found from a temper-

ature variation between 550 ÆC and 750 ÆC. BaTiO3 films with a poor epitaxial crystalline structure

are growing at a deposition temperature of 550 ÆC or 600 ÆC (Fig. 3.6).

The deposition temperature was optimized at an oxygen pressure of 0.2 mbar, which had been

determined to be the optimum oxygen pressure (Fig. 3.7). These films were cooled down after

deposition in vacuum at a pressure of 10�6 mbar.

The influence of different laser energies on the film orientation is presented in Fig. 3.8, where

400, 600, and 800 mJ of laser energy were used to deposit epitaxial BaTiO3 films. Different energies

result in different thicknesses of the epitaxial BaTiO3 films, not in different qualities of these films.

In the present study, an optimum energy of 600 mJ was used.

Fig. 3.6: (a) X-ray diffraction patterns of epitaxial BaTiO3 films deposited at 550, 650, 700, and 750 ÆC. (b)
Zoom-in area of the 002 peak of SrTiO3. The peaks labelled as m00/00m are the BaTiO3 film peaks. Those
labelled with squares are the SrTiO3 substrate peaks, while those labelled with circles and triangle are the
substrate peaks originating from the remaining Cu-Kβ radiation and from the W-Lα radiation, respectively.
The latter comes from the tungsten contamination of the x-ray target. All curves are displaced vertically by the
same amount.
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Fig. 3.7: (a) X-ray diffraction patterns of epitaxial BaTiO3 films deposited at 0.1, 0.2, 0.3, and 0.4 mbar oxygen
partial pressures. (b) Zoom-in area of the 002 peak of SrTiO3. The peaks labelled as m00/00m are the BaTiO3
film peaks. Those labelled with squares are the SrTiO3 substrate peaks, while those labelled with circles and
triangle are the substrate peaks originating from the remaining Cu-Kβ radiation and from the W-Lα radiation,
respectively.

Fig. 3.8: (a) X-ray diffraction patterns of epitaxial BaTiO3 films deposited at 400, 600, and 800 mJ laser
energies. (b) Zoom-in area of the 002 peak of SrTiO3. The peaks labelled as m00/00m are the BaTiO3 film peaks
(Fig. 3.8). Those labelled with squares are the SrTiO3 substrate peaks, while those labelled with circles and
triangle are the substrate peaks originating from the remaining Cu-Kβ radiation and from the W-Lα radiation,
respectively.
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Despite the fact that the deposition conditions are the same for both materials, the deposition rate

of SrTiO3 (0.0797 nm/s) is lower than the deposition rate of BaTiO3 (0.0987 nm/s). The thickness

of the BaTiO3 film and the SrTiO3 film was measured by profilometer. The deposition rates of the

BaTiO3 material and the SrTiO3 material were calculated from the slopes of two graphs (for each

material in discussion) representing the thickness vs. time (or number of laser shots).

3.2 X-ray diffraction

3.2.1 Basic principle

A monochromatic x-ray beam is generated by the characteristic Kα emission of a target element, pos-

sibly filtered by means of a certain absorbtion edge and possibly additionally sharpened in wavelength

by the help of a crystal monochromator. In order to record a reflection of order n from a set of lattice

planes (hkl), the incidence angle θ must meet Bragg’s condition:

sinθ = nλ=2d(hkl) (3.1)

Setting the crystal to successive Bragg incidence angles is achieved by rotating it about an axis.

Since the penetration of x-rays into solids is limited to less than 0.1 mm in most solids, the x-

ray diffraction spectra obtained from solids stem from a relatively thin layer close to the surface. In

contrast to bulk samples, in thin films some properties must be taken explicitly into account such

as thickness, density, and mass absorption[134]. Nevertheless, in practice there are many obstacles.

The main problem is that of the texture. Whereas in bulk samples texture is largely a function of

crystalline orientation and shape, in thin films that have a grain size of the same order of magnitude

as the film thickness, preferred orientation is also a function of crystallite size due to an anisotropic

growth rate[135].

The film orientation or texture can be determined by several diffraction methods (e.g., a single

crystal diffraction, a rotation method or a powder method). Data are then fed into the associated

computer which sets the goniometer automatically for measuring the hkl reflection intensities and

substracting the background intensities. The various intensity corrections (polarising, Debye-Waller

and geometric corrections) are integrated in the programs. Measurement of the hkl reflection angles

leads to the determination of the lattice parameters. Indexing the hkl reflection and assessing the

systematic film peak presence leads to the determination of the space group. Measuring the reflection

intensities gives the position of the atoms in the crystal, i.e. finally the crystal structure.
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3.2.2 Crystalline orientation analysis

General considerations

Each grain in a polycrystalline film normally has a crystalline orientation different from that of its

neighbours. Considered as a whole, the orientations of all grains may be randomly distributed or they

may tend to align into some particular orientation or orientations. That is called preferred orientation,

or texture, which can be defined simply as a condition in which the distribution of crystal orientations

is not random.

When most of the film grains are oriented with a certain crystallographic plane (hkl) f exactly or

roughly parallel to the substrate surface, and a certain direction [uvw] f in that plane is exactly or

roughly parallel to a certain direction [uvw]s in the substrate surface (hkl)s, the film orientation is

described by the notation:

(hkl) f [uvw] f k (hkl)s [uvw]s (3.2)

The film orientation or texture can be determined by several diffraction methods which can be

divided into two groups: transmission and reflection, both being necessary for a complete characteri-

zation. A full description of the texture requires the specification of three angles named θ , φ , and ψ .

Therefore, θ -2θ scan, pole figure and φ scan should be measured (see Fig. 3.9 later).

The film orientation or texture can be determined by measuring a pole figure, which is most

similar to a stereographic projection, and by comparing it with a pole figure of the substrate. Pole

figures show the variation of the diffraction intensity (“pole density”) with pole orientation for a

selected set of crystal planes. If the film grains have a completely random orientation, these poles

will be distributed uniformly over the projection. If a preferred orientation is present, the poles will

tend to cluster in certain areas of the projection, leaving other areas virtually unoccupied. Although

only a pole figure can provide a complete description of the preferred orientation, some information

can be obtained fairly quickly by a comparison of calculated diffraction line intensities with those

observed on an ordinary diffractometer scan. If a sample is examined in the diffractometer by the

usual θ -2θ–scan, then the only grains which can contribute to the hkl reflection are those whose (hkl)

planes are parallel to the substrate surface. If the film texture is such that there are very few such

grains, the intensity of the hkl reflection will be automatically low.

A pole figure analysis involves two rotations about φ and ψ axes. Valuable information with

respect to the crystallographic orientation of a film on a substrate can be obtained by a φ scan taken

at definite θ and ψ values.

The crystallite size can also be measured by diffraction. When the size of the individual crystallites

is less than 100 nm, the term particle size is usually used, but the term crystallite size is more precise.

This size is given by measuring the Full Width at Half Maximum (FWHM) as follows:

FWHM =
0:9λ
tcosθ

(3.3)
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where λ is the wavelength, t is the diameter of the crystallites and θ is the diffraction angle. An

efficient method for measuring the size of small crystallites is the so-called “small-angle scattering”

which uses a scattering angle close to 0Æ to observe the size of the film crystallites. The FWHM

values are calculated from the width of a specific peak in the scattered intensity vs. 2θ graph.

The shape of the diffraction peak, i.e., the intensity as a function of the rotation of the sample, is

termed rocking curve. A complete value of FWHM should be calculated from the rocking curve and

compared with the one of the intensity vs. 2θ curve. The presence of linear or planar defects in the

crystalline structure of the sample increases the width of the rocking curve. Measurement of rocking

curves is, therefore, important for assessing the perfection of the structure of epitaxial films.

XRD analysis performed in this study

In this study, crystallographic analyses of BaTiO3 films and BaTiO3/SrTiO3 multilayers deposited

on SrTiO3 substrates by PLD were performed by XRD θ–2θ and φ scans, and by recording pole

figures using a Philips X’Pert MRD four-circle diffractometer with Cu Kα radiation and a parallel

plate collimator in front of the detector achieving a 2θ resolution of 0.1Æ. Pole figures were measured

using an open Eulerian cradle.

The surface normal of the sample can be positioned to coincide with the diffractometer z axis (z

rotation). In addition, using x and y rotations the sample position can be optimized with respect to

the azimuthal angle (φ ) and the tilt angle (ψ), respectively. The data collection software can use the

x and y rotations to adjust the sample position during texture measurements. These five monitorized

rotations are shown in Fig. 3.9. The adjustment of the surface of the sample is extremely important.

A change in the volume of the diffracted material resulting in a change in absorption occurs when the

sample is rotated to different φ or ψ angles.

The following experimental procedure was followed in case of a θ -2θ–scan:

� After loading the sample, the weakest or a weak reflection of the substrate peaks (to minimize

the damage of detector from a strong beam of a single crystal substrate) has been chosen from

the diffraction pattern table according to the Joint Committee on Powder Diffraction Standards

(JCPDS, 1995). In case of SrTiO3, this pattern is presented in Table 3.5. In the measurements

of the present work, the 300 reflection was considered for SrTiO3 (2θ = 72.5Æ).

� The optimization of φ and ψ angles is performed in order to record a strong contribution from

the film. Fixing these two angles, the sample will then be rotated in only one direction by the

variation of the θ angle.

� The measured intensity of a θ–2θ scan was recorded by a computer connected to the diffrac-

tometer.

� The recorded intensity was plotted and analyzed using the PC-APD 4.0 software.
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Fig. 3.9: The x-ray movements
in order to project a set of (hkl)
planes with respect to the go-
niometer axes φ (azimuthal an-
gle) and ψ (tilt angle) accord-
ing to User Guide for Philips
X’Pert MRD Systems, First Edi-
tion, 1995.

Finally, the identification of the crystalline planes of the film proceeds and the film orientation is

determined. In order to resolve the film planes, the JCPDS data were considered again. In case of a

BaTiO3 film, the diffraction pattern table is presented in Table 3.6.

Some parasitic peaks may occur in the XRD patterns due to contributions from Cu and W lines

(see Table 3.7). The Cu Kβ contribution can be excluded only by using a monochromator to eliminate

the Cu Kβ radiation. (In the present study, measurements were performed in order to get higher

diffraction intensity, so that it is possible to see peaks coming from minor orientations or peaks with

very low intensity, if they exist.). The W contributions are caused by an evaporation of tungsten from

the filament (in the present study, a W filament was used to generate the electron beam in the x-ray

tube).

In case of a φ scan, after setting the θ angle chosen from the film crystal structure data (which

should not be close to a substrate angle) the optimization of the ψ angle is required. In order to

compare the in-plane orientation of the film with the one of the substrate, a φ scan for a substrate θ
angle is necessary. By recording φ scans, it is possible to determine the film orientation, especially in

case of epitaxial films. The ψ values presented above represent tilt angles of the sample with respect

to the scattering direction and correspond to angles between two planes. Moreover, the number of

peaks in φ scans give information about the film or the substrate texture, so that one can determine

the number of growth twins which can be present in the film structure. In the present study, various φ
scans were recorded at different ψ angles.
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Table 3.5: Selected data on the SrTiO3 (cubic structure - Pm3m symmetry group) diffraction pattern according
to Swanson and Fuyat, Natl. Bur. Stand., Circular 539, 3, 44 (1954). Intensities are expressed as percentages
of the strongest peak of the pattern.

2θ (degree) X-ray intensity (a.u.) h k l D spacing (Å)
22.783 12 1 0 0 3.900
32.424 100 1 1 0 2.7590
39.984 30 1 1 1 2.2530
46.483 50 2 0 0 1.9520
52.357 3 2 1 0 1.7460
57.794 40 2 1 1 1.5940
67.803 25 2 2 0 1.3810
72.543 1 3 0 0 1.3020
77.175 15 3 1 0 1.2350
81.721 5 3 1 1 1.1774
86.204 8 2 2 2 1.1273

Although several θ -2θ and φ scans are sufficient in order to determine and to confirm the film

orientation with respect to the substrate orientation, it is rather difficult to determine whether the film

has also other minor orientations, which can not be discriminated in a θ -2θ scan (e.g., because of

a relatively weak peak intensity or because of an overlapping of film peaks with substrate peaks).

Therefore, it is necessary to record φ scans at all ψ angles (from 0 to 90Æ). The result is a pole figure

at a certain 2θ angle providing a chance to see other possible orientations and also to confirm the film

orientation which was determined previously by recording the θ -2θ scan.

During the pole figure measurement, the θ angle is fixed for a chosen direction of the film crystal,

and angles φ and ψ are varied. All pole figures were plotted with the pole distance angle from ψ =

0Æ (center) to ψ = 90Æ (rim). ψ = 90Æ corresponds to the substrate surface being parallel to the plane

defined by the incident and reflected x-ray beams.

The FWHM values of the film used in the present study were calculated from both rocking curves

and φ -scan curves, comparing them with the FWHM of the substrate in order to evaluate the crys-

tallinity and the in-plane alignment, respectively. This gives information about the “mozaicity” of the

film.
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Table 3.6: Selected data on the BaTiO3 (tetragonal structure - P4mm symmetry group) diffraction pattern
according to Swanson and Fuyat, Natl. Bur. Stand., Circular 539, 3, 45 (1954). Intensities are expressed as
percentages of the strongest peak of the pattern.

2θ (degree) X-ray intensity (a.u.) h k l D spacing (Å)
22.038 12 0 0 1 4.030
22.262 25 1 1 0 3.990
31.497 100 1 0 1 2.838
31.646 100 1 1 0 2.825
38.887 46 1 1 1 2.314
44.855 12 0 0 2 2.019
45.377 37 2 0 0 1.997
50.613 6 1 0 2 1.802
50.976 8 2 0 1 1.790
51.099 7 2 1 0 1.786
55.953 15 1 1 2 1.642
56.251 35 2 1 1 1.634
65.753 12 2 0 2 1.419
66.121 10 2 2 0 1.412
70.357 5 2 1 2 1.337
70.661 2 3 0 0 1.332
74.334 5 1 0 3 1.275
75.092 7 3 0 1 1.264
75.162 9 3 1 0 1.263
78.765 3 1 1 3 1.214
79.470 5 3 1 1 1.205
83.490 7 2 2 2 1.1569
86.963 1 2 0 3 1.1194
87.385 1 [3 0 2] 1.1161
88.066 1 3 2 0 1.1082

Table 3.7: X-ray K-level emission lines of Cu and W according to ref. [136].

Element Energy Kα1 Kα2 Kβ Lα1

(keV) very strong strong weak
Cu 8.04 1.540562 1.544390 1.392218 13.336
W 58.87 0.20901 0.213828 0.184374 1.47639
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3.3 Atomic force microscopy

An atomic force microscope (AFM) comprises two main components: the scanner and the AFM

detection system. The operation principle of an AFM is based on the detection of a laser beam

reflected by the edge of a soft cantilever where a sharp tip is situated (Fig. 3.10).

The cantilever oscillates in free air at its resonant frequency. A piezo stack excites the cantilever’s

substrate vertically, causing the tip to bounce up and down. As the cantilever bounces vertically, the

reflected laser beam is deflected in a regular pattern over a photodiode array, generating a sinusoidal

electronic signal. Although the piezo stack continues to excite the cantilever’s substrate with the same

energy, the tip is deflected in its encounter to the surface. The reflected laser beam reveals information

about the vertical height of the sample surface and some characteristics of the sample materials itself,

such as elasticity or the presence of magnetic and/or electric forces (Dimension 5000 Scanning Probe

Microscope Instruction Manual, edited by Digital Instruments Inc., California, 1994).

Fig. 3.10: Principle of the AFM
technique.

An AFM can operate in two principal modes, viz. tapping (non-contact) mode and contact mode,

depending on the interaction between the tip and the sample. The force between the tip and the sample

is adjusted by the so-called “setpoint”. In contact mode, the tip senses the short-range repulsive forces

exerted by the surface, while in tapping mode the tip senses the long-range forces approaching the

sample surface. The forces act on the tip after approaching it to the surface causing a deflection of the

cantilever. Usually, there are Van der Waals forces, but any other type of interaction in strong relation

with the given tip and the studied sample should be taken into account. A 3D topography image of

the surface can be obtained scanning the sample by keeping a constant deflection. In contact mode

the tip altitude is adjusted to follow the surface height using the deflection signal, which is given by

the effect of repulsive forces expressed by the cantilever bending. In tapping mode, the tip-sample

forces are of attractive type, causing bending in the opposite direction than the repulsive forces. The

strength of the attractive forces in tapping mode is much smaller than the repulsive forces in contact

mode. Practically, the tapping mode is very easy to destabilize. If the tip meets a rough surface of the

sample, the cantilever feels a higher force and bends more than before. The advantage of using the
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tapping mode is due to the well-known fact that the sample surface state is not modified, while the

contact mode is used nowadays to add or remove atoms from or to the sample surface. There is also

a preference in using the tapping mode in order to record images of better resolution.

In this study, the surfaces of substrates and deposited films were studied by a Digital Instruments

5000 microscope working in tapping mode and using ultrasharp silicon tips. The tip characteristics

are: height between 15 and 20 µm, average resonance frequency about 350 kHz, typical force constant

40 N/m, according to the producer specifications (Silicon-MDT in cooperation with the MikroMasch

company). These tips have a pyramidal shape with a radius of curvature less than 10 nm, and the full

tip cone angle is less than 20Æ.

The surface roughness measured by AFM depends on the surface area, and the variation in height

of the sample surface.

The root-mean-square-roughness (RMS) is defined as follows:

RMS ==

s
1
N

N

∑
i=1

(Zi�Zaverage)
2 (3.4)

where Zaverage is the average value of the height (Z) values within the respective area, Zi is the point

height value and N is the number of points within the given area.

Some other roughness measures are considered by the AFM software, e.g. the maximum height

of a given area which is calculated as the difference in height between the highest and the lowest point

of the respective area.

It should be noted that the AFM images shown in the present study have been converted to planar

images by “planefitting”or “flattening” (by fitting by a polynomial function with a selected order2

each scan line of data which compose the final image). Then the polynomial component is subtracted

from the scan line. This process is repeated for each scan line in the image eliminating the unwanted

features from the scan lines, e.g. horizontal bands or image bow. The final image is a well-seen

image, while the as-measured image shows a great contrast in black and white making the image not

well visible. In order to give the reader the true values, all the RMS values presented in this paper are

obtained for the as-measured images, even if they are included in figures together with planar images.

3.4 Transmission electron microscopy

Microstructure analysis of the interface between the BaTiO3 film and the SrTiO3 substrate, or between

different layers of BaTiO3/SrTiO3 multilayers was performed by cross-sectional high-resolution trans-

mission electron microscopy (HRTEM). A JEOL 4010 electron microscope at a primary beam energy

of 400 keV was used to study the interfaces.

2In the present study, only the first order of the polynomial function was consistently used. In this way, a first order
least-square-fit was calculated for the selected area, then it was subtracted from each scan line of the final image preserving
the image from the tall features in predominantly flat areas.
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Specimen preparation

In order to analyze the BaTiO3 film deposited on a SrTiO3 substrate by cross-section, specimens of

these samples are prepared by polishing and ion milling techniques. The sample is cut into thin slices

normal to the interfaces which are glued face-to-face. Then this sandwich is glued between two spac-

ers which are usually pieces of SrTiO3 substrates because they should have the same hardness. The

whole sandwich is polished manually until the total width is about 100 µm. The specimen is then

glued to a metallic grid. The next step is to thin the specimen by further dimple grinding. The spec-

imen is then dimple-polished keeping a fixed radius of curvature in the center. A great advantage of

this process is that one can control the thickness of the removed material by the depth of the dimple

and interrupt the polishing when it is necessary, preventing specimen damage. Dimple-grinding both

sides of the sandwich-specimen, the probability of a final perforation in the center increases. There-

fore, it is preferably to polish one side and preserve the other. The final step consists of ion milling

which involves bombarding the thin specimen using energetic Ar ions and remove material by sput-

tering until the film is thin enough to be observed in TEM. However, some implantation occurs so that

the near-surface chemistry is changed. Therefore, the top layer becomes often amorphous. First, a

rapid ion thinning is performed for about 2 h. After a careful investigation of the sample by an optical

microscope, the last step consists of a fine polish for 4 - 7 s at 10Æ angle with respect to the surface

(inclination helps to minimize the penetration of the ion beam) using an accelerating voltage of 2 - 4

keV. This step completes the cross-section specimen preparation for TEM investigation.

3.5 Electrical measurements

Pt top-electrodes with 100 nm thickness and 0.15 mm diameter were deposited by 5 min rf-sputtering

through a metallic mask at 40 W power in an Ar atmosphere at room temperature. The sputtering

machine uses a CESAR 133 rf-generator with a maximum frequency of 13.56 MHz and a maximum

power of 300 W. Optimum power is adjusted by two variable tuning capacitors called Load (CL)

and Tune (CT ). In order to observe the possible fluctuations in reflected power, pre-sputtering was

performed for 15 min prior to each deposition, keeping the reflected power around 1 W.

Electrical characterization was performed using a TF Analyzer 2000 ferroelectric tester (Aix-

ACCT) and a Hewlett Packard HP 4195A Impedance/Gain-phase analyzer. C–V measurements were

performed applying an ac signal with an amplitude of 10 mV at 1 MHz, while a dc bias was swept

at a rate of 0.2 V/s from 0 to Vmax and vice-versa with a delay time of 0.5 s. The maximum ap-

plied dc current/voltage is � 20 mA/� 40 V. Capacitance values were extracted from the measured

absolute values of the impedance with an accuracy of 0.1% and a resolution of 4 1/2 digits. The mea-

sured capacitance was recorded applying a voltage ranging from negative values to positive values.

The measured impedance values are calculated from the equivalent series circuit [R + jX or (R2 +

X2)1=2], where R is the resistance and X is the reactance. The residual impedance was measured at 1
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MHz. This value was then stored and used as offset data for subsequent measurements. The ambient

temperature was considered equal to 23 ÆC.



4 Results and discussion

4.1 Vicinal SrTiO3 substrate surfaces

4.1.1 General remarks

The surface state of the substrate has an important influence on the early stages of film growth. In

order to properly study the growth mechanism, a well-defined reference surface morphology is re-

quired. Here, the implication that the perovskite (001) surface of ABO3 perovskite single crystals

either terminates by an AO plane, a BO2 plane or a mixture, depending on the surface morphology, is

of importance. In turn, this will affect the stacking of hetero-epitaxial perovskite thin films.

When a crystal is cut along some orientation, the atoms located in the few outer layers experience

non-zero forces which are caused by the missing part of the crystal, or by the correspondingly broken

bonds. Generally, the atoms do not remain at the positions fixed by the 3D-lattice. Point or extended

defects may result, as well as lattice distortions. Despite of a rich literature, the structural properties

of oxide surfaces are not fully elucidated. It is often difficult to prepare stoichiometric and defect-free

surfaces, and the characterization is hindered by charging effects and by an uncertainty about the

actual crystal termination.

A plane in a crystal is identified by three integers (h, k, l), called the Miller indices. If several

planes are structurally equivalent, as the six (100), (010), (001), (100), (010), and (001) planes in a

cubic crystal structure like SrTiO3, this collection is denoted by f100g in curly brackets. However,

real surfaces are rarely perfectly ordered. Depending on the conditions under which they are pre-

pared (cutting, polishing, etc.), various defects may be found (ledges and terraces, kinks, ad-atoms,

vacancies, etc.)[45] (see Fig. 4.1). For a ABO3 crystal having a perovskite structure the {100} face is

Fig. 4.1: Possible defects on sur-
faces.
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the most stable surface. There exist two non-equivalent terminations with respective stoichiometries

AO and BO2 - i. e. SrO and TiO2 for SrTiO3. In the surface layer, the transition metal cations B

are five-fold coordinated, instead of six-fold in the bulk, and the cations A are surrounded by eight

oxygens, instead of twelve in the bulk.

The single crystal SrTiO3 substrates can be cut along the (001) plane with a small “miscut angle”1

in the 010 direction. The resulting substrate surfaces consist of alternating layers of SrO and TiO2

stacked in the c-direction ([001] direction). “Vicinal”2 surfaces have terraces with regular ledges.

The height of the ledges can be a multiple of the lattice cell of SrTiO3 or a multiple of the half

lattice cell of SrTiO3, depending on whether their terminations are TiO2 or SrO. While the height

of the ledge is independent of the miscut angle, the ledge density depends on the miscut angle. In

fact, by increasing the miscut angle, the ledge density increases as will be shown in the next section.

Smooth vicinal surfaces of the (001)-oriented SrTiO3 substrates are obtained by a specific chemical

and thermal treatment which will be discussed in detail in the next section.

4.1.2 Preparation of vicinal SrTiO3 substrate surfaces

As it was explained before, the surface state of the substrate has an important influence on the early

stages of film growth. In order to properly study the growth mechanism, a substrate surface ap-

proaching a perfect substrate surface would be desired. The initial conditions for well-defined sub-

strates before any deposition involve a clean surface and a controlled surface roughness as well as a

well-defined reference surface morphology, especially when one is dealing with very thin films.

In the present study, (001)-oriented SrTiO3:Nb single crystal substrates with a Nb concentration

of 0.1 wt% and a miscut angle varying from 0.1Æ to 1.5Æ were subjected to a specific chemical and

thermal treatment in order to obtain vicinal surfaces with atomically flat single terminated terraces.

Before and after each treatment, the surface morphology of the substrates was investigated by AFM

as shown in Fig. 4.2.

For the experiments discussed in the following, only 0.1Æ vicinal SrTiO3:Nb substrates were cho-

sen in order to avoid an additional parameter.

The height scale of 2 nm was consequently used for all the images included in the section of

preparation of the vicinal SrTiO3 substrate surfaces in order to facilitate the comparison between

different topography images using different treatment parameters.

The RMS values presented in Fig. 4.2 are measured using eq. 3.4 for an given area of 2 x 2 µm2

of each one of the three samples. It should be noted that all the RMS values presented in this paper

are obtained for the AFM images before converting them into planar images, even if they are included

in figures together with planar images.

1The miscut angle is defined as the angle between the actual surface plane and the (001) plane.
2The term vicinal defines a crystal plane whose position varies very little from that of the nearest low-index surface

plane.
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Fig. 4.2: AFM topography images (2 � 2 µm2 area and 2 nm in height) (a) of an as-received SrTiO3:Nb
substrate with 0.1Æ miscut, (b) after chemical etching by buffered hydro-fluoride (BHF) solution for 30 s, and
(c) after 10 min thermal treatment at 1200 ÆC following the chemical etching.

Chemical treatment

The surface morphology of the as-received SrTiO3:Nb single crystal substrates consists of terraces

with disordered steps and islands on the terraces, with typical step heights of 0.2 nm and 0.4 nm. The

latter correspond to the half and the full lattice parameter of SrTiO3, which indicates the coexistence

of both possible surface terminations - SrO and TiO2 [Fig. 4.2(a)]. Preferably, the substrate surface

has to be single terminated to impose one possible stacking sequence. Apart from this, domains

with different terminations at the surface may result in different growth kinetics. From the point of

view of the growth of a perfect thin film, or for a study of the growth mechanism, the simultaneous

existence of both possible terminations is detrimental. It will affect any homo- or hetero-epitaxial

growth process resulting in different stacking sequences within the same film.

In order to select only one possible stacking sequence of the film to be deposited, the substrate

has to have a single termination[133]. Considering the coordination number of Sr (bulk 12, surface 8)

and Ti (bulk 6, surface 5) in SrTiO3, it can be concluded that the TiO2 surface is more stable because

only fewer Ti-O bonds have to be broken in order to create the surface compared to the number of

Sr-O bonds. On the other hand, shell model calculations predict a negligible difference in the surface

energies of the two bulk-terminated surfaces[137]. If this is true, a surface obtained by cleaving or

cutting should result in an equal amount of AO- and BO2-terminated domains separated by steps

(ledges) half a unit-cell in height. The shell calculations performed by Chen et al.[137] indicate that

for a relaxed SrO termination plane, the Sr ion is pulled out of the top plane, whereas experimentally

the opposite has been observed[138].

Because SrO is a basic oxide and TiO2 is acidic, Kawasaki et al.[139] were able to show that by

controlling the pH of the buffered hydrofluoride NH4F:HF (BHF) solution3 it is possible to dissolve

only one of the two atomic layers at the SrTiO3 surface. Following this suggestion, in this work a

chemical etching treatment was chosen to obtain only a TiO2-terminated surface [Fig. 4.2(b)].

3The pH value of BHF solution is given by a mixture of NH 4F, H2O and HF used at appropriate ratios.
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Fig. 4.3: AFM peak-to-valley section of a SrTiO3 substrate (2.5 � 2.5 µm2 area and 2 nm in height) with 0.1Æ

miscut angle after a 30 s etch treatment performed in a BHF solution with pH = 4.5.

It is known that SrO reacts with H2O and CO2 at room temperature forming compounds like

Sr(OH)2 [SrO + H2O �! Sr(OH)2] and SrCO3 [Sr(OH)2 + CO2 �! SrCO3 + H2O]. Hence, in the

presence of atmospheric water the top layer of SrO forms a Sr-hydroxide compound which may be

dissolved in an acid solution. Therefore, due to the enhancement of the selectivity in solubility by the

formation of a Sr-hydroxide complex confined to the top SrO layer, the pH value of the BHF solution

and the etching time are actually not very critical.

In this study, the SrTiO3 substrates were immersed for 30 s in a BHF solution with a pH of

4.5, then rinsed with deionized water, and finally dried by blowing with dry nitrogen. The surface

morphology of the substrates after chemical treatment was investigated by AFM (Fig. 4.3).

Thermal treatment

The chemical treatment alone did not result in atomically flat substrate surfaces. Therefore, an addi-

tional thermal treatment was necessary in order to remove the remnants of the etching treatment and

facilitate recrystallization.

Fig. 4.4: AFM topography images (5 � 5 µm2 area and 2 nm in height) (a) of vicinal SrTiO3 substrates with
(a) 0.5Æ miscut, (b) 1Æ miscut, and (c) 1.5Æ miscut. All these substrates were treated chemically and thermally.
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Four different SrTiO3:Nb substrates with 0.1Æ, 0.5Æ, 1Æ and 1.5Æ miscut angles were used in the

experiments of the vicinal surface preparation. Increasing the miscut angle, the density of steps

increases (Figs. 4.4).

Thermal treatment experiments were performed at different temperatures, viz. 1100 ÆC, 1200ÆC,

and 1300ÆC for 10 min or 1h.

Fig. 4.5: AFM peak-to-valley section of a SrTiO3 substrate (6 � 6 µm2 area and 2 nm in height) with 0.1Æ

miscut angle after etching and annealing treatments. Annealing treatment was performed at 1100ÆC for 1 h.

Meandering of step edges was observed after annealing at 1100 Æ for 1 h (Fig. 4.5). In addition

the formation of holes was observed on the terraces. These holes are perfectly circular shaped, one

unit-cell deep and turn out to diffuse to the terrace edges with time. The terraces are about 0.4 nm

in height corresponding to a full unit cell and indicating a unique surface termination. The RMS

roughness on the terraces is 0.068 nm showing the smoothness of these terraces.

Fig. 4.6: AFM peak-to-valley section of a SrTiO3 substrate (7 � 7 µm2 area and 15 nm in height) with 0.1Æ

miscut angle after etching and annealing treatments. Annealing treatment was performed at 1200ÆC for 1 h.

The changes in surface morphology become more pronounced at higher temperature or longer

annealing time (Fig. 4.6). The RMS roughness of the irregularly formed terraces is still less than

one single unit cell, indicating flat terraces. Overall the morphology of the SrTiO3 substrate surface

consists of bunching steps when the annealing treatment is performed for even longer annealing times.
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Fig. 4.7: AFM peak-to-valley section of a SrTiO3 substrate (2 � 2 µm2 area and 2 nm in height) with 0.1Æ

miscut angle after etching and annealing treatments. Annealing treatment was performed at 1300ÆC for 10
min.

The differences in surface terminations are also expressed by the shape of the terrace edges. An-

nealing at a high temperature of 1300 ÆC for 10 min results in sharp edges which are formed on the

surface (Fig. 4.7). Although regular terraces form the morphology of the SrTiO3 substrate surface, in

this case their height varies from one to four unit cells.

Fig. 4.8: AFM topography of defects appearing on vicinal SrTiO3 substrates (5 � 5 µm2 area and 2 nm in
height) with 0.1Æ miscut angle.

Defects observed on the thermally treated surfaces include kink like termination of ledges [Fig.

4.8(a)] and extensive step bunching [Fig. 4.8(b)]. These kinds of defects were observed mainly on

substrates of high miscut angle. In the literature, the formation of other phases at the surface have

also been reported, especially in UHV atmorphere and at high temperatures[140; 141; 142].

An annealing at 1200 ÆC for 10 min was found to be optimal for the SrTiO3:Nb substrates used

in this study. The surface morphology of the vicinal substrates treated chemically and thermally

following the optimal procedure consists of well-defined terraces of a width of 150 nm to 250 nm with

straight and sharp terrace edges [Fig. 4.2(c)]. The height of the steps is 0.4 nm which corresponds to

one unit cell of SrTiO3, indicating a unique surface termination. AFM analysis shows a nearly perfect

single-terminated surface with very straight terrace edges (Fig. 4.9). The scan-line shows only single
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unit-cell steps of SrTiO3. Typical for these surfaces is their homogeneous morphology. As one can

see in a non-flat image (not shown), the terrace edges are round features which can be associated with

the minimization of the edge energy by decreasing the surface area of the step[138].

Fig. 4.9: AFM peak-to-valley section of a SrTiO3 substrate (2 � 2 µm2 area and 2 nm in height) with 0.1Æ

miscut angle after etching and annealing treatments. Annealing treatment was performed at 1200ÆC for 10
min.

It turned out that the success of this thermal treatment depends on the annealing temperature and

annealing time. Preparation of single terminated SrTiO3 (001)-oriented substrate surfaces of a miscut

angle of 0.1Æ with regular and sharp edge terraces was performed by controlling rigorously the above

mentioned parameters.

In order to have a unique surface as reference for further thin film deposition, vicinal SrTiO3

substrate surfaces with 0.1Æ miscut angle have been used for thin film deposition. Owing to the

structural compatibility and close lattice match, it was possible to grow high quality epitaxial BaTiO3

films onto atomically flat, vicinal SrTiO3 (001)-oriented substrates by PLD.
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4.2 Epitaxial BaTiO3 thin films

4.2.1 Initial growth stages of BaTiO3 thin films on SrTiO3 surfaces

The details of the growth of epitaxial BaTiO3 thin films are generally influenced by a number of

parameters including growth method, substrate temperature, oxygen pressure, film thickness, and lat-

tice mismatch. This requires a comprehensive analysis of the growth mechanism including detailed

studies of the initial growth stages. As BaTiO3 is considered to be the prototype of perovskite ferro-

electrics, considerable attention has been given so far to the properties of as-grown and/or annealed

films explaining them in terms of advanced growth or (re)crystallization stages, while the initial stages

of film growth including the growth mechanism have up to now not been studied in sufficient detail.

In the literature, there are only few studies on the initial growth stages of complex oxides. The

growth mechanism in the BaTiO3/SrTiO3 system is still contradictory. It is still not clarified whether

BaTiO3 is growing in a layer-by-layer growth mode[6] or in an island growth mode[9] on SrTiO3

substrates when grown by PLD. Layer-by-layer growth has been shown to be a principally possible

growth mechanism taking into account the binding energies between layer and substrate obtained by

theoretical electronic structure calculations and taking into account the surface charge neutrality[10].

Epitaxial BaTiO3 thin films with nominal thickness4 from 1 nm to 1 µm were deposited onto the

chemically and thermally treated vicinal SrTiO3:Nb substrates. The surfaces of the deposited films

were studied by AFM, and their structure by cross-sectional high-resolution TEM. The results will

be discussed as a function of the nominal thickness, starting with the 1 nm thick film and increasing

the thickness5. In case of relatively thick films, the thickness of the BaTiO3 films was measured

first by profilometer and then confirmed by cross-sectional TEM analysis. In case of thin films, the

profilometer measurement could not be performed and the thickness was measured only by cross-

sectional TEM. An overview of the evolution of the morphology of the BaTiO3 films with increasing

thickness is shown in Fig. 4.10 and can be summarized as follows:

� up to 1 nm, a grainy layer uniformly covers the substrate, with the terrace steps still being

visible [Fig. 4.10(a)];

� at 5 nm, individual grains become visible [Fig. 4.10(b)];

� up to 25 nm, the density of those small grains increases [Figs. 4.10(c)-(f)];

� at 40 nm, some of these small grains grow further into larger grains [Fig. 4.10(g)];

4The nominal thickness is defined as the typical thickness the film would have if it would grow in the layer-by-layer
mode, thus being a measure of the amount of deposited material.

5It should be noted that the experimental study was performed starting with relatively thick films and ending with a
nominal thickness of the BaTiO3 film of 1 nm by reducing gradually the thickness of the deposited material. In order
to give the reader a better understanding of the initial growth stages of BaTiO 3 films grown on (001)-oriented SrTiO3
substrates, this order is here inversed.
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� further on, up to 260 and 320 nm, the film morphology does not principally change [Figs.

4.10(k) and 4.10(l)].

The above results suggest a Stranski-Krastanov growth mechanism of BaTiO3 on SrTiO3. In the

early growth stage, a very thin, complete BaTiO3 layer uniformly covers the substrate surface. As

Fig. 4.10: AFM topography images of epitaxial BaTiO3 films (2 � 2 µm2 area and 20 nm in height) deposited
on vicinal SrTiO3:Nb substrates. Different deposition times of 0.2, 1, 2, 5, 10, 15, 20, 25, 30, 45, 60, and 180
min were used to grow films having nominal thicknesses of (a) 1, (b) 5, (c) 10, (d) 15, (e) 20, (f) 25, (g) 40, (h)
75, (i) 110, (j) 150, (k) 260, and (l) 320 nm, respectively.

described in the previous section of this chapter, the terrace height of the initial vicinal substrate

surface corresponded to one lattice constant of SrTiO3 (0.4 nm). After deposition of 1 nm of BaTiO3,

the terraces are still visible. The surface is now covered with BaTiO3, and the step height has now

been determined to be between 0.44 and 0.53 nm. This indicates that BaTiO3 units are added not

only along the terrace edges, but also on the terraces. Generally, a model of film formation can be



4.2 Epitaxial BaTiO3 thin films 51

as follows: When the diffusing ad-atoms encounter a terrace[143], they can either be reflected and

remain on the same terrace, or go across the terrace and be incorporated into sites at the terrace edges

(see Fig. 4.11). If all the terraces are non-reflective for the diffusing ad-atoms or clusters, the growth

Fig. 4.11: Different growth modes on terraces during heteroepitaxial growth, adapted after Ref.[143].

process will be 2D, because atoms will be attached to the edges of the terraces where the energy

is at minimum. Alternatively, if the terraces are reflective, the atoms diffuse on the terraces finally

covering the entire surface with a very thin uniform layer. Since after deposition of 1 nm of BaTiO3,

the terrace height has increased with respect to the height before deposition, but by only 0.1 nm and

not by 1 nm, both these processes should have occurred in this case. In this study, the roughness of

the initial SrTiO3 surface was about 0.133 nm, while after 1 nm deposition of BaTiO3 the roughness

was only slightly increased up to 0.164 nm, indicating a smooth top-surface of the BaTiO3 layer (Fig.

4.12).

Fig. 4.12: Zoom-in topography image (0.5 � 0.5 µm2 area and 1 nm in height) of the nominally 1 nm thick
BaTiO3 film presented in Fig. 4.10(a).

A close inspection of the topography of the 1 nm thick BaTiO3 film surface showed that the terrace

edges are not very well defined. This shows that the BaTiO3 layer partially covers also the terrace
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edges, and not only the top surface of the terrace. The maximum peak-to-valley height6 on the terrace

edge is 0.876 nm, again less than the film thickness, confirming that the BaTiO3 layer is continuous.

In fact, this continuous uniform layer is a grainy layer composed by small grains with a height of

about 0.5 nm, formally corresponding to one and half unit cell of BaTiO3. Knowing that the vicinal

SrTiO3 surface is TiO2 terminated, one can assume that the one and half unit cells of BaTiO3 actually

form a BaO terminated BaTiO3 film (Fig. 4.13). One should, however, also take into account the

accuracy of the AFM measurement at this very low height. Indeed, the 0.16 nm average roughness

can be correlated with half of a BaTiO3 unit cell leaving the possibility that the grainy BaTiO3 layer

which covers the substrate surface is terminated with both possible terminations - BaO and TiO2.

Fig. 4.13: Model of different ter-
minations of the BaTiO3 layer
grown on a TiO2-terminated
SrTiO3 substrate surface: (a)
BaO - termination (one and half
BaTiO3 unit cell in thickness)
and (b) TiO2 - termination (two
BaTiO3 unit cells in thickness).

Cross-sectional TEM investigations confirm the conclusions drawn from the AFM investigations.

Figure 4.14 shows a HRTEM image of an epitaxial BaTiO3 film of 1 nm in nominal thickness. The

film/substrate interface is well-defined and sharp. A uniform continuous BaTiO3 layer is observed

confirming that the initial growth mode is layer-by-layer growth.

Fig. 4.14: Cross-sectional HRTEM image of an epitaxial BaTiO3 thin film of 1 nm nominal thickness deposited
on a vicinal SrTiO3:Nb substrate by PLD.

6The peak-to-valley height was measured from the highest point to the lowest point of the scan line.
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As already mentioned, the layer-by-layer growth was shown to be a possible growth mechanism

for BaTiO3 by theoretical electronic structure calculations taking into account the surface charge

neutrality[10]. Molecular dynamics simulations were performed by Wunderlich et al.[144]. He found

a critical thickness, at which the growth mechanism changes from pseudomorphic growth without

defects to a relaxed epitaxial film by introducing misfit dislocations, and estimated this critical thick-

ness to be at about four monolayers. Since no evidence for the presence of misfit dislocations was

found in the 1 nm thin BaTiO3 film shown in Fig. 4.14, this observation is in good agreement with

the molecular dynamics simulations performed by Wunderlich. The 1 nm thickness of the BaTiO3

film is well below the critical thickness of four unit cells (about 1.6 nm).

Fig. 4.15: Zoom-in topography image (0.5 � 0.5 µm2 area and 5 nm in height) of the nominally 5 nm thick
BaTiO3 film presented in Fig. 4.10(b).

At a film thickness of about 5 nm, small nuclei start to grow on top of the previous uniform

“wetting” layer. The RMS roughness of the film surface suddenly increases up to 0.847 nm (� 2 unit

cells of BaTiO3) in an area including the terrace edge, while on the terrace it reaches 0.480 nm (� 1

unit cell of BaTiO3), indicating almost one unit cell difference in height between the top surface of

the terraces and the terrace edge. The terraces are covered with small grains leaving the terrace steps

still visible. Again, the terrace edges are not straight having a width of about 30 nm (Fig. 4.15), the

terrace width being about 500 nm in this case.

Fig. 4.16: Cross-sectional HRTEM image of an epitaxial BaTiO3 thin film of nominal 5 nm thickness deposited
on a vicinal SrTiO3:Nb substrate by PLD.
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The height of the individual grains is about 3 nm, and they have a lateral size of about 5 nm. These

values were measured first by AFM and than confirmed by the cross-sectional high-resolution TEM

investigations.

Fig. 4.16 shows the continuous layer and the small grains on top of it. The continuous layer is

two unit cells in height, thus corresponding to the 1 nm thick BaTiO3 film shown in Fig. 4.14. This

layer represents a continuous template for the grains which are growing on top of it. Their height is

about 3 to 4 nm, and their lateral size is of the order of 5 nm.

Obviously, the thickness of 5 nm represents the turning point, when individual grains begin to

grow, and the film stress relaxes.

Further on, on the 10 nm thick BaTiO3 film terraces are still visible and small islands are uni-

formly distributed on the surface [see Fig. 4.10(c)]. Their density is, however, larger compared with

the previous stage. Their height varies from 2 to 4 nm and their lateral size is about 60 nm. The

maximum peak-to-valley height measured by AFM on the 10 nm thick BaTiO3 film surface is 3.85

nm confirming again that now an island growth has developed on top of the previous smooth layer.

Fig. 4.17: Cross-sectional HRTEM image of an epitaxial BaTiO3 thin film of 10 nm thickness deposited on a
vicinal SrTiO3:Nb substrate by PLD.

Cross-sectional HRTEM investigations (Fig. 4.17) confirm that the height of the grains has in-

creased compared to the earlier stage of a nominal thickness of 5 nm.

The density of the grains increases by further deposition, as shown by the film of 15 nm nominal

thickness [see Fig. 4.10(d)].

Fig. 4.18: Zoom-in topography image (0.5 � 0.5 µm2 area and 5 nm in height) of the 20 nm thick BaTiO3 film
presented in Fig. 4.10(c)].
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In addition, for 20 nm nominal thickness, terraces are fully covered and no edges are visible any

more [see Fig. 4.10(e)]. The increase of the film roughness is a common feature of the films deposited

by PLD and it will be discussed later considering the thickness-dependence on the average RMS

roughness. Island dimensions are now about 35 nm in lateral size and their height varies between 3.5

nm and 5 nm (Fig. 4.18).

Fig. 4.19: Cross-sectional HRTEM images of an epitaxial BaTiO3 film deposited on a vicinal SrTiO3:Nb sub-
strate and having (a) 20 nm and (b) 25 nm in nominal thickness.

More information about the grains was obtained by HRTEM. Their density increased from the

growth stage of 20 nm nominal thickness [Fig. 4.19(a)] to that of 25 nm nominal thickness [Fig.

4.19(b)].
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4.2.2 Analysis of the crystallographic orientation

Crystallographic analyses were performed by XRD θ–2θ and φ scans and by pole figures in order to

globally demonstrate the epitaxial relationship between the BaTiO3 film and the SrTiO3 substrate. It is

well known that BaTiO3 has a tetragonal structure and SrTiO3 has a cubic structure. The a-orientation

Fig. 4.20: Zoom into the XRD θ–
2θ scan (in linear scale) of epi-
taxial BaTiO3 films with nominal
thicknesses of 15, 25, 100 and
200 nm for the 001/100, 002/200,
and 300/003 couples of peaks.

is defined as follows:

(100) BaTiO3 k (001) SrTiO3; [001] BaTiO3 k [100] SrTiO3 (4.1)
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The c-orientation is defined as follows:

(001) BaTiO3 k (001) SrTiO3; [100] BaTiO3 k [100] SrTiO3 (4.2)

Unfortunately below a nominal thickness of 25 nm it is difficult to perform XRD measurements,

because the BaTiO3 diffraction peaks are very close to the SrTiO3 peaks and the intensity of the

BaTiO3 peaks is very low. In fact the difference angle between the 100 peak of BaTiO3 and the 100

peak of SrTiO3 is only 0.521Æ, and the difference angle between the 200 peak of BaTiO3 and the 200

peak of SrTiO3 is only 1.106Æ. The difference angle between the 300 peak of BaTiO3 and the 300 peak

of SrTiO3) is 1.882Æ. Fig. 4.20 presents the x-ray θ–2θ scan for different thicknesses of the BaTiO3

films. Below a nominal thickness of 25 nm, the BaTiO3 peaks are shoulders of the corresponding

SrTiO3 peaks. Another inconvenience is the low intensity of the BaTiO3 peaks in comparison with

the substrate peaks. Also it is impossible to distinguish between a-orientation and c-orientation of

BaTiO3, because the difference is less then 1Æ, exactly 0.224Æ between the 100 peak and the 001 peak

and 0.522Æ between the 200 peak and the 002 peak.

In addition to the XRD θ–2θ scans presented above, various pole figure analyses were performed

to confirm the crystallographic orientation (Fig. 4.21). The simple fourfold symmetry shown in Fig.

4.21(a) was obtained for the 110 reflection of BaTiO3 which is very close to the 101 reflection (see

Table 3.6 in the previous chapter). A more complicated fourfold symmetry is shown in Fig. 4.21(b)

which was recorded for the 211 reflection of BaTiO3 which is very close to the 112 reflection (see

Table 3.6). The symbols *{112}* and +{211}+ are explained in Table 4.1.

Fig. 4.21: XRD pole figures of a nominally 25 nm thick BaTiO3 film grown on SrTiO3 (001). (a) The fixed
2θ angle was 31.65Æ corresponding to the 110 reflection of BaTiO3. (b) The fixed 2θ angle was 56.25Æ corre-
sponding to the 211 reflection of BaTiO3 which is very close to the 112 reflection. The A and B symbols are
explained in Table 4.1.
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Table 4.1: Possible reflections in the pole figure of Fig. 4.21(b). The symbol *{112}* comprises the reflections
112, 11̄2, 112̄, and 11̄2̄, and the symbol +{211}+ comprises the reflections 211, 2̄11, 211̄, and 21̄1̄.

Symbol c-orientation a-orientation
A *{112}* +{211}+

(ψ = 35.56Æ) (ψ = 35.117Æ)
B +{211}+ *{112}*

(ψ = 66.138Æ) (ψ = 65.717Æ)

Those symbols are used in order to define all possible reflections in case of the 211/112 reflection

of BaTiO3 taking into account that it is impossible to distinguish between the (100) and (001) orien-

tations of the BaTiO3 film (see Table 4.2). The pole figures confirm that the entire BaTiO3 film has

grown epitaxially, i.e. with the same crystallographic orientation everywhere.

Table 4.2: Angles between different reflections considered for (100) and/or (001)-oriented BaTiO3 film grown
on SrTiO3.

angle(Æ) angle(Æ)
{001} {211} 35.117 {001} {211} 66.138

{2̄11} 144.88 {2̄11} 66.138
{21̄1} 35.117 {21̄1} 66.138
{211̄} 35.117 {211̄} 113.861
{2̄1̄1} 144.88 {2̄1̄1} 66.138
{2̄11̄} 144.88 {2̄11̄} 113.861
{21̄1̄} 35.117 {21̄1̄} 113.861

{100} {112} 65.717 {001} {112} 35.56
{1̄12} 114.282 {1̄12} 35.56
{11̄2} 65.717 {11̄2} 35.56
{112̄} 65.717 {112̄} 144.439
{1̄1̄2} 114.282 {1̄1̄2} 35.56
{1̄12̄} 114.282 {1̄12̄} 144.439
{11̄2̄} 65.717 {11̄2̄} 144.439

Further on, φ scans of the BaTiO3 film and the SrTiO3 substrate, respectively (Fig. 4.22) were

recorded in order to establish the in-plane orientation relationships of the BaTiO3 film with respect

to the underlying SrTiO3 substrate. Three φ scans were recorded from the same sample with 25

nm nominal BaTiO3 film thickness7 grown on SrTiO3 (001) using the SrTiO3 222 reflection (2θ =

86.2Æ and ψ = 54.6Æ), the BaTiO3 211 reflection (2θ = 56.2Æ and ψ = 34.9Æ), and the BaTiO3 110

reflection (2θ = 31.6Æ and ψ = 45.0Æ). The φ scans using the 211 and 110 reflections include also

7As it was mentioned before, the 25 nm represent the minimum thickness of the BaTiO 3 film from which diffraction
patterns can be distinguished.
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the contribution from the 112 (2θ = 55.9Æ) and 101 (2θ = 31.5Æ) reflections of the other orientation

(c- vs. a-orientation), respectively, since these are close to each other. The peaks from BaTiO3 (110)

Fig. 4.22: XRD φ scan of a nom-
inally 25 nm thick BaTiO3 film
grown on SrTiO3 (001). These
plots were recorded using the 222
reflection of the SrTiO3 substrate,
and the 112=211 and 101=110
reflections of the BaTiO3 film.

are delayed by 45Æ with respect to those of SrTiO3 (222), which clearly shows that the φ position of

the pole of the (110) plane of the BaTiO3 film and that of the pole of the (222) plane of the SrTiO3

substrate have a difference angle ∆φ = 45Æ. This clearly points to the cube-on-cube orientation. Peaks

occur every 90Æ, demonstrating the good in-plane BaTiO3 orientation.

The full-width at half maximum (FWHM) of the BaTiO3 110 reflection is ∆φ = 1.16Æ which

includes contributions from both 110 and 101 reflections and is thus a good value. (The FWHM of

the 222 peak of the SrTiO3 substrate is ∆φ = 0.16Æ). The epitaxial relationship of the BaTiO3 films

on the (001) SrTiO3 substrates determined by XRD φ scans clearly show that the locally (by TEM

investigations) determined orientation relationship is valid for the entire film. Moreover, in rocking

curves of the BaTiO3 200/002 peak, FWHM values are ranging from 0.225Æ to 0.303Æ confirming the

good overall crystallinity of the BaTiO3 films [see Fig. 4.34(a) below].
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4.2.3 Later growth stages

No further drastic changes in the morphology of the epitaxial BaTiO3 films were observed on increas-

ing the film thickness. At a nominal film thickness of 75 nm some of the previous small grains start to

grow in size and incorporate the surrounding grains. At this stage of growth, round large grains form

the topography of the BaTiO3 film [see Fig. 4.10(h)]. Their height varies from 10 to 15 nm, while

their lateral size increases to about 100 nm (Fig. 4.23). The nominal thickness of 75 nm represents

Fig. 4.23: Zoom-in topography image (0.5 � 0.5 µm2 area and 30 nm in height) of the 75 nm thick BaTiO3 film
presented in Fig. 4.10(h).

the turning point when small grains coalesce together into large grains. This is an important feature

not only for the study of the growth mechanism. Dielectric constant properties of epitaxial BaTiO3

films will be correlated with this change in the morphology which was observed by AFM.

XRD analysis of BaTiO3 films of higher nominal thickness as presented in Fig. 4.24 confirm the

epitaxial film growth for thick films.

Fig. 4.24: XRD θ–2θ scan of nominally 40 nm (blue curve) and 100 nm (red curve) thick BaTiO3 films. The
peaks labelled as m00/00m are the BaTiO3 film peaks. Those labelled with squares are the SrTiO3 substrate
peaks, while those labelled with circles and triangle are the substrate peaks originating from the remaining
Cu-Kβ radiation and from the W-Lα radiation, respectively. The latter comes from the tungsten contamination
of the x-ray target. Logarithmic scale of diffraction intensity is used, which enables some very weak diffraction
peaks to be displayed.
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With the increase of the film thickness, the film is occupied with larger grains with round shapes as

they coalesce and merge together. At 150 nm nominal thickness of the BaTiO3 film, AFM topography

images show grains with more different sizes than at the previous stages of film growth. The height of

the grains has values up to 22.7 nm and their lateral size is about 150 nm [Fig. 4.10(j)]. In a detailed

Fig. 4.25: Zoom-in topography image (1 � 1 µm2 area and 20 nm in height) of the nominally 150 nm thick
BaTiO3 film presented in Fig. 4.10(j).

area of the film top surface, large grains can be observed (Fig. 4.25). Further on, a columnar structure

develops (Fig. 4.26).

Fig. 4.26: Cross-sectional TEM image of an epitaxial BaTiO3 thin film of 150 nm nominal thickness deposited
on a vicinal SrTiO3:Nb substrate by PLD.

The process of coalescence which results in larger grains is well seen in Fig. 4.27, where it can

be observed how the columnar structure begins with a small lateral size of the columns, and then

proceeds towards larger lateral sizes with increasing film thickness.

When the film thickness further increases, the shapes and the lateral sizes of the grains become

irregular, and the roughness of the epitaxial BaTiO3 film increases. After 2.5 h deposition, the BaTiO3

nominal thickness is about 320 nm and the RMS roughness is about 10.5 nm (Fig. 4.28).

However, with the increase of the film thickness, the average grain size is kept at about 100 nm.

At this stage of growth, Fig. 4.29 shows an image demonstrating how several grains are connected

and grow together as a large grain.

A study of the early growth stages of epitaxial PLD-grown Pb(Zr0:52Ti0:48)O3 films on SrTiO3

substrates by Goh et al.[145] revealed a three-dimensional island growth mode. The initial small
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Fig. 4.27: Cross-sectional TEM
image illustrating the coales-
cence process in a nominally 150
nm thick BaTiO3 film.

nuclei of 25–30 nm in lateral size were found to merge into large grains of 100–120 nm size resulting

in a two-layer structure of the film. Increasing the thickness of the Pb(Zr0:52Ti0:48)O3 film from 50

nm to 115 nm, a columnar-like growth mode was found to dominate the film morphology.

Indeed, a columnar film structure is observed by cross-sectional TEM analysis in BaTiO3 films,

too. Fig. 4.30 shows a nominally 320 nm thick epitaxial BaTiO3 film. A close inspection of the

image shows that the film/substrate interface is sharp and that a columnar BaTiO3 structure develops

[Fig. 4.30(a)]. This is a typical column-like structure that is often observed in laser-ablated epitaxial

thin films of complex oxides [e.g., Pb(ZrxTi1�x)O3
[145] or YBa2Cu3O7�δ

[146]]. But also, in films

with less complex composition (e.g., CeO2
[147]), the apparent grain size usually increases with the

film thickness. It is expected that this trend of columnar-structure growth still dominates in thicker

BaTiO3 films, as long as the deposition conditions are not changed.

Fig. 4.28: Zoom-in topography image(1 � 1 µm2 area and 50 nm in height) of the 320 nm thick BaTiO3 film
presented in Fig. 4.10(l).

A schematic model of the columnar growth is shown in Fig. 4.31 after ref.[145]. The “wetting”

layer is not present in this case where Pb(Zr0:52Ti0:48)O3 grows with an island mechanism, and also

the lateral size of the columns showed higher values than the values found in the present study. The
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Fig. 4.29: Zoom-in topography
image (0.3 � 0.3 µm2 area and
50 nm in height) of the nominally
320 nm thick BaTiO3 film pre-
sented in Fig. 4.10(l).

electron diffraction patterns taken from an area around the film/substrate interface reveals the follow-

ing orientation relationship (see Fig. 4.30(b)):

(001)=(100) BaTiO3 k (001) SrTiO3; [100]=[001] BaTiO3 k [100] SrTiO3 (4.3)

This relationship is in accordance with the XRD θ–2θ scans measured for thick BaTiO3 films and

shown in Fig. 4.32.

The resolution of the TEM diffraction patterns makes it difficult to resolve the tetragonality of

the BaTiO3 lattice, i.e. to differentiate between, e.g., 400 and 004 BaTiO3 reflections. In diffraction

patterns taken from a sample region around the film/substrate interface [Fig. 4.30(b)], the reflections

of BaTiO3 and SrTiO3 are well separated, indicating a well relaxed state of the BaTiO3 lattice. The

relative width of BaTiO3 and SrTiO3 reflections indicates a small out-of-plane orientational variation.

A corresponding misorientation of 2Æ between two BaTiO3 grains can be observed in Fig. 4.33.

Fig. 4.30: (a) Cross-sectional TEM image of an epitaxial BaTiO3 thin film of 320 nm thickness deposited on a
vicinal SrTiO3:Nb substrate by PLD. (b) Diffraction pattern taken from the interface region between the BaTiO3
film and the SrTiO3 substrate.
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Fig. 4.31: Schematic model of
columnar growth developed for
Pb(Zr0:52Ti0:48)O3 film grown on
vicinal SrTiO3 substrate, accord-

ing to ref.[145].

Fig. 4.32: XRD θ–2θ scan of nominally 150 nm (blue curve), 260 nm (green curve), and 320 nm (red curve)
thick BaTiO3 films. The peaks labelled as m00/00m are the BaTiO3 film peaks. Those labelled with squares are
the SrTiO3 substrate peaks, while those labelled with circles and triangle are the substrate peaks originating
from the remaining Cu-Kβ radiation and from the W-Lα radiation, respectively. The latter comes from the
tungsten contamination of the x-ray target.
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Fig. 4.33: (a) Cross-sectional
HRTEM image of the interface
between the epitaxial BaTiO3
film and the SrTiO3 substrate
showing a 2Æ misalignment
between two BaTiO3 grains. The
corresponding dislocations in
the low-angle grain boundary
are marked below by arrows.
(b) Fourier-filtered image using
(100)/(000) filter masks.
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Increasing the deposition time even more does not show any further increase of island sizes.

However, the surface roughness tends to increase further with increasing deposition time. The average

in-plane size of the larger grains does not significantly increase above 100 nm on increasing film

thickness, while the root mean square (RMS) roughness of the BaTiO3 films increases from 0.17 nm

to 4.6 nm as the nominal film thickness increases from 0.6 nm to 320 nm [Fig. 4.34(a)]. The average

root-mean-square (RMS) roughness was obtained from several 2 x 2 µm2 AFM images. Cross-

sectional TEM investigations showed that, for the initial growth stages, the real film thicknesses

corresponds well to the respective nominal film thickness values. The RMS roughness increases

slowly up to the thickness of 40 nm of the BaTiO3 film. Then it increases quickly up to 75 nm,

followed by a relative saturation up to a nominal thickness of 320 nm. From 320 nm in thickness, the

RMS roughness is again abruptly increasing.

Fig. 4.34: (a) Dependence of the RMS roughness (black dots) of BaTiO3 films and of the Full Width at Half
Maximum (FWHM) (green dots) of the BaTiO3 200/002 peak measured in rocking curves (ω-scan). (b) The
height (blue dots) and lateral sizes (red dots) of BaTiO3 film grains versus film thickness. BaTiO3 films were
grown on 0.1Æ vicinal SrTiO3:Nb substrates.
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4.2.4 Concluding remarks

The present work provides the first study of the layer-then-island (Stranski-Krastanov) growth mode

of epitaxial BaTiO3 films grown onto SrTiO3 substrates. Among the diversity of deposition tech-

niques, the PLD method was used to grow BaTiO3 films. Following the results presented in detail

in this section, the initial stages of the growth mechanism of epitaxial BaTiO3 films on (001) SrTiO3

substrates were studied by using a combination of investigation techniques. In order to analyze the

surface morphology, the crystalline orientation, the microstructure and the film=substrate interface

morphology a combined application of AFM, HRTEM, and XRD proved to be useful to highlight the

BaTiO3 growth mechanism.

It was shown that a surface reference before any deposition was required for a proper study of

the initial growth stages, and to provide a well-defined surface for the epitaxial thin films further

deposited. Therefore, an atomically flat surface of the (001)-oriented SrTiO3 substrate with 0.1Æ

miscut angle was prepared by a definite chemical and thermal treatment. The surfaces should not be

only smooth, but also single terminated in order to enhance a unique growth sequence. The TiO2-

terminated vicinal surface consists of well-defined regular terraces with the height of 0.4 nm, and the

width ranging from 150 nm to 250 nm.

The results on the different growth stages observed on BaTiO3 films varying the film thickness

from 1 nm to 1 µm can be summarized as follows:

1. In the early growth stage, a complete grainy layer clearly seen by a cross-sectional HRTEM

investigation uniformly covers the SrTiO3 substrate surface at a BaTiO3 nominal thickness of

1 nm. It was shown by AFM investigations that BaTiO3 unit cells are added both to the terrace

steps and on the terraces.

2. Further on, small grains were observed to grow onto the previous wetting layer at a nominal

thickness of the BaTiO3 film of 5 nm. Their height is about 3 nm, and their lateral size is about

5 nm. The RMS roughness of the film surface suddenly increased confirming the change in

the film morphology. It was concluded that this nominal thickness represents the turning point,

when individual grains begin to grow and film stress relaxes.

3. The density of the small grains was observed to increase by further deposition, covering the

vicinal terraces. No further important changes in the film morphology was observed increasing

the film thickness up to 75 nm.

4. In the later growth stages, the previous small grains were shown to become larger by coales-

cence of several neighbouring grains. At a nominal thickness of 75 nm, round grains of 10 to 15

nm in height and about 100 nm in lateral size form the film morphology. This is an important

feature resulting in a columnar structure developing for thicker films. By further deposition,

these large grains were observed to grow in height and in lateral size.
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The epitaxy of BaTiO3 films was proven by XRD θ–2θ -scans, pole figures and φ scans, and by

the TEM diffraction pattern taken from the interface region between the BaTiO3 film and the SrTiO3

substrate. The following orientation relationship was revealed:

(001)=(100) BaTiO3 k (001) SrTiO3; [100]=[001] BaTiO3 k [100] SrTiO3

Despite of theoretical calculations of other authors which showed that the layer-by-layer mode

is a possible growth mode in the BaTiO3/SrTiO3 system, the present study gives evidence of the

Stranski-Krastanov growth mode under specific deposition conditions, pointing to new evidences

(e.g., roughness) which were not taken into account up to now.
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4.3 Epitaxial BaTiO3/SrTiO3 multilayers

4.3.1 Expected stresses in BaTiO3/SrTiO3 multilayers

One has to consider that for a thin BaTiO3 layer, stresses are expected to arise along both interfaces

with the SrTiO3 substrate and perpendicular to it[6] (Fig. 4.35). Therefore, tensile stress is expected

Fig. 4.35: A schematic drawing
of the stress which appears at the
BaTiO3 film / SrTiO3 substrate

interface, according to ref.[148].

to occur in the BaTiO3 layer in the perpendicular direction to the interface, while compressive stress

is expected to occur along the interface. The inverse situation is expected to occur in the SrTiO3

layer of a BaTiO3/SrTiO3 multilayer system. Compressive stress occurs in the SrTiO3 layer in the

perpendicular direction to the interface with a BaTiO3 layer, while tensile stress is expected to occur

along the interface (Fig. 4.35). A schematic diagram of the stresses in BaTiO3/SrTiO3 multilayers is

shown in Fig. 4.36.

Fig. 4.36: Diagram of the ten-
sile and compressive stresses
which are expected to occur at
the BaTiO3 film / SrTiO3 sub-
strate interface, as well as at the
BaTiO3 layer/SrTiO3 layer inter-

faces, according to ref.[148].
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The strain introduced into the BaTiO3 layer by the in-plane mismatch between BaTiO3 and SrTiO3

is relaxed with increasing thickness of the BaTiO3 layer[127]. A related dependence of the lattice

parameter on film thickness in an epitaxial system with a small lattice mismatch such as BaTiO3 on

SrTiO3 was indeed reported[148; 149; 73]. As it was mentioned before, the lattice mismatch between

BaTiO3 and SrTiO3 is 2.28 % along the a direction, while along the c direction it is 3.4 %. An

expansion of a BaTiO3 layer of 100 nm in thickness along the c axis was observed[148]. This feature

indicates that there is a pressure effect at the interface due to the lattice mismatch. Above a certain

thickness of the individual layers, misfit dislocations are introduced [144], so that the epitaxial stresses

are relaxed. Stress-related modifications of the dielectric properties can therefore be expected only for

layer thicknesses below this critical thickness. Wunderlich[144] theoretically estimated this critical

thickness to four monolayers.

4.3.2 Growth, structure and morphology of BaTiO3/SrTiO3 multilayers

Epitaxial BaTiO3/SrTiO3 multilayers were deposited by PLD. The BaTiO3 layers of these multilayers

were deposited under the same deposition conditions as the epitaxial BaTiO3 films discussed in the

previous section of this chapter. The epitaxial SrTiO3 layers were deposited at 700 ÆC in an oxygen

pressure of 0.2 mbar using a laser energy of 600 mJ and a repetition rate of 1 Hz.

In this section, epitaxial BaTiO3/SrTiO3 multilayers are discussed in terms of surface morphology,

microstructure of individual layers, and structure of the interfaces between BaTiO3 and SrTiO3 layers.

Again chemically and thermally treated vicinal surfaces of SrTiO3 (001) single crystal substrates

were used to grow the multilayers [Fig. 4.37(a)]. The morphology of several epitaxial BaTiO3/SrTiO3

multilayers with overall thicknesses8 of 15, 25, 50, 75, and 125 nm deposited by PLD using different

deposition times of 5, 10, 20, 25, and 30 min, respectively, is shown in Figs. 4.37(b)-(f).

The morphology of BaTiO3/SrTiO3 multilayers shows the same features as for the epitaxial

BaTiO3 films studied in the previous section of this chapter. Taking into account the details of surface

morphology one can assume that the same Stranski-Krastanov mode governs the growth of a BaTiO3

layer on a previous SrTiO3 layer in a BaTiO3/SrTiO3 multilayer system, as well as on the SrTiO3

substrate as follows:

� film atoms initially form one or several complete monolayers on the substrate surface [Fig.

4.37(b)];

� subsequently 3D clusters are nucleating on these layers due to the stress induced by the lattice

mismatch [Fig. 4.37(c)];

� grains become larger due to coalescence of several small grains which grow together by further

deposition [Figs. 4.37(d) and 4.37(e)];

8The overall thickness of a BaTiO3/SrTiO3 multilayer is defined as the sum of the nominal individual thicknesses of
all the layers involved.
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Fig. 4.37: AFM topography im-
ages (2 � 2 µm2 area) of (a)
a SrTiO3:Nb substrate with 0.1Æ

miscut prepared by chemical and
thermal treatment, and (b)–(f)
BaTiO3/SrTiO3/BaTiO3 multilay-
ers grown on substrates of this
type. Different deposition times
of 5, 10, 20, 25, and 30 min
were used to grow the multi-
layers of nominal overall thick-
nesses of (b) 15, (c) 25, (d) 50,
(e) 75, and (f) 125 nm, respec-
tively. The same deposition time
has been used to grow each layer
of BaTiO3 or SrTiO3.

� a columnar structure develops for thicker films [Fig. 4.37(f)].

Structure and morphology of the grown multilayers were studied by cross-sectional HRTEM. Fig-

ure 4.38 shows three different cross-sectional images of the epitaxial BaTiO3 film, BaTiO3/SrTiO3/

/BaTiO3 and BaTiO3/SrTiO3/BaTiO3/SrTiO3/BaTiO3 multilayers having the same overall thickness

as the BaTiO3 film. The interface between the first BaTiO3 layer and the SrTiO3 substrate is well-

defined and sharp [Fig. 4.38(a)].

Fig. 4.38(b) shows the beginning of BaTiO3 island formation (arrows) on a uniform, continuous

BaTiO3 layer of about 3 to 4 nm in thickness on top of a 5 nm thick SrTiO3 layer. This observation is

an indication for a Stranski-Krastanov growth mechanism followed by the BaTiO3 layers growing on

the deposited SrTiO3 layers.

In the diffraction pattern of a multilayer with 5 nm thickness of the individual layers taken from a

sample region around the film/substrate interface, the reflections of BaTiO3 and SrTiO3 are well sepa-

rated, indicating a well relaxed state of the BaTiO3 lattice (Fig. 4.39). This corresponds well to the for-

mation of individual islands seen in Fig. 4.38(b). The same orientation relationship between BaTiO3

layers and SrTiO3 layers was revealed by the diffraction pattern taken from the BaTiO3/SrTiO3 inter-

face, as well as from the BaTiO3 layer/SrTiO3 substrate interface (see eq. 4.3).
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Fig. 4.38: Cross-sectional
HRTEM view of multilayers
of 15 nm overall thickness.
(a) epitaxial BaTiO3 film, (b)
epitaxial BaTiO3/SrTiO3/BaTiO3
multilayer (5 nm nominal thick-
ness of each layer), (c) epitaxial
BaTiO3/SrTiO3/BaTiO3/SrTiO3/
/BaTiO3 multilayer (3 nm
nominal thickness of each layer).

Fig. 4.39: Cross-sectional
diffraction pattern taken from
the sample area shown in Fig.
4.38(b).



4.3 Epitaxial BaTiO3/SrTiO3 multilayers 73

The XRD analysis of BaTiO3/SrTiO3 multilayers did not show any significant differences with

respect to the BaTiO3 films. The only difference was an increase of the intensity of the SrTiO3 peaks

due to the contribution of the SrTiO3 layers (Fig. 4.40).

Fig. 4.40: XRD θ–2θ scan of SrTiO3 (001)-oriented substrate, of a nominally 40 nm thick BaTiO3 layer, and
of two multilayers of 40 nm thickness consisting of 3 and 5 individual layers, respectively. The peaks labeled
as m00/00m are the BaTiO3 film peaks. Those labeled with squares are the SrTiO3 substrate peaks, while those
labeled with circles and triangle are the substrate peaks originating from the remaining Cu-Kβ radiation and
from the W-Lα radiation, respectively. The latter stems from the tungsten contamination of the x-ray target.
The couple of peaks labeled as X are present also in the substrate pattern, so one can conclude that they are
not from the BaTiO3 film. Their origin is unclear.

Most interesting, the morphology of the BaTiO3–on–SrTiO3 interfaces is different from that of the

SrTiO3–on–BaTiO3 interfaces. While the former interfaces are plane and sharp, the latter are rather

rough, displaying a certain periodicity of the morphology (“waviness”). A similar asymmetry has

recently been described by Dubourdieu et al.[2] showing that Ba penetrates far into the neighbouring

SrTiO3 layer, while Sr does not enter the neighbouring BaTiO3 layer. The feature observed in Fig.

4.41 can most probably be explained by a different growth mechanism of the two materials, or by a

difference in the morphological stability of the growth surfaces caused by different surface energies

of BaTiO3 and SrTiO3 and by different mobilities of the Ba and Sr atoms reaching the SrTiO3 and

BaTiO3 layer, respectively. As had been shown first by Mullins and Sekerka [150] for the case of

crystal growth from a liquid phase, the morphological stability of a crystal surface during the growth

of the crystal is determined by the relation between the interface energy (interface stress) and the

lateral diffusivity of the condensing crystal species. A high interface energy acts in favour of a small

interface area, i.e. in favour of a plane interface, while a low interface energy permits a wavy interface

morphology to occur. On the other hand, a high lateral diffusivity of the arriving species contributes

to a smoothening of the interface, while short diffusion paths prevent the smoothening of the inter-
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face. Similar approaches were later applied to other cases, for example to a solid-solid interface by

Martin[151]. In addition to the expected reduction of strain with increasing thickness of the individual

Fig. 4.41: Cross-sectional TEM image of an epitaxial BaTiO3/SrTiO3 multilayer grown on a SrTiO3 (001)
substrate. The thickness of the individual BaTiO3 layers is about 260 nm, and that of the individual SrTiO3
layers is about 210 nm.

BaTiO3 layers, the development of a columnar structure in thick layers has to be taken into account.

Fig. 4.41 shows this columnar structure in the individual layers of a thick multilayer consisting of

260 nm thick BaTiO3 layers and about 210 nm thick SrTiO3 layers.

If the surface energies of BaTiO3 and SrTiO3 are largely different, and the diffusivity of the species

arriving from the "BaTiO3" and "SrTiO3" plasma plumes are also largely different, the morphological

stability of the growing BaTiO3 surface may be quite different from that of the growing SrTiO3
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surface. This effect could contribute to the difference in morphology observed between the BaTiO3–

on–SrTiO3 and SrTiO3–on–BaTiO3 interfaces of thick multilayers shown, e.g., in Fig. 4.41.

To establish, whether this effect also occurs in very thin films, two experiments have been per-

formed. In the first, a BaTiO3/SrTiO3/BaTiO3 three-layer system was deposited onto SrTiO3 (001),

with an individual layer thickness of 15 nm. Second, a multilayer with increasing BaTiO3 layer thick-

ness from 1 to 16 nm thickness [2 to 40 monolayers (ML)] was deposited, while the thickness of the

individual SrTiO3 layer has been kept constant at 15 nm. A close look into Fig. 4.42 (first experiment)

Fig. 4.42: Cross-sectional
HRTEM image of epitaxial
BaTiO3/SrTiO3/BaTiO3 multi-
layer showing different interfaces
between different layers. The
overall thickness is about 45 nm
(each layer is about 15 nm in
thickness).

shows that the top surface of the first BaTiO3 layer is a flat and sharp interface with the SrTiO3 layer

on top of it, while the top surface of the second BaTiO3 layer is rough, most probably due to the re-

laxation process forming grains which start to nucleate on top of the complete layer, explained before

as an indication of a Stranski-Krastanov growth mechanism. This feature can be explained in terms

of relaxation of the second BaTiO3 layer, while the first BaTiO3 layer is under stress, suppressed in

between the SrTiO3 substrate and the SrTiO3 layer. Alternatively, the rough surface in Fig. 4.42 may

be an effect of the morphological stability as described before.

An important feature of the BaTiO3/SrTiO3 multilayers is it that up to 6 nm in thickness, the

BaTiO3 layers show no defects and have sharp BaTiO3/SrTiO3 interfaces. This feature is significant

in view of actual efforts to grow epitaxial superlattices involving very thin individual layers of BaTiO3

and/or SrTiO3. Moreover, it has been observed that the epitaxial SrTiO3 film inserted in between two

BaTiO3 layers promotes a good crystallinity of the second BaTiO3 layer.

Figure 4.43 (second experiment) shows a cross-section TEM image and a more detailed HRTEM

image of a BaTiO3/SrTiO3 multilayer with increasing thickness of the BaTiO3 layers in between

SrTiO3 layers of constant thickness. Multilayers of this type should reveal effects related to the

relaxation of strain with increasing BaTiO3 layer thickness as it was mentioned before.

In order to check whether there is a change in the interface flatness also for the sample of Fig.

4.43, a fast Fourier transformation (FFT) (see Fig. 4.44) was performed on a selected section of the

cross-sectional image presented in Fig. 4.43. The filtered, reconstructed pictures are presented in

Fig. 4.45 showing the different degree of flatness of the different interfaces between BaTiO3/SrTiO3

layers depending on the BaTiO3 film thickness.
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Fig. 4.43: Cross-sectional TEM view (left) and HRTEM view (right) of epitaxial BaTiO3/SrTiO3 multilayers
with different thickness of the individual BaTiO3 layers of 2 ML (L1), 4 ML (L2), 8 ML (L3), 12 ML (L4), 20
ML (L5), and 40 ML (ML–monolayer) (L6).

Fig. 4.44: Filter masks (ovals)
applied to the Fourier pattern
taken from one of the sample ar-
eas marked with squares in Fig.
4.43.
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In Figs. 4.45 (a) and (c), filter masks were used around the reflections � (100), � (010), and (000) in
order to suppress the noises. The two different lattices (BaTiO3 and SrTiO3) are clearly discernable
in these two images, while the morphology of the interfaces is not easily derivable from these two
images. To highlight the interfaces, in Figs. 4.45 (b) and (d), filter masks have been put solely on
the vertical streaks occurring near the � (010) reflections (Fig. 4.44). Such streaks originate from
interfaces perpendicular to the streak direction. As it can be seen in Figs. 4.45 (b) and (d), the
morphology of the interfaces is more clearly visible in these two images than in the subfigures (a)
and (c). The BaTiO3 layers L2 to L4 (4 ML to 12 ML individual layer thickness) have plane top and
bottom interfaces. Starting from the BaTiO3 layer L5 (20 ML, i.e. about 8 nm thickness), the upper
interface is clearly rough, while the lower interface keeps to be smooth. The transition from a smooth
SrTiO3–on–BaTiO3 interface to a rough one thus occurs at about 6 to 8 nm thickness of the BaTiO3
layer. In view of the fact that the transition from the layer growth to the island growth of BaTiO3 under
our conditions had been found to occur at about 1 to 2 nm nominal BaTiO3 thickness, the value of 6
to 8 nm found in Fig. 4.45 rather points to the morphological stability argument as an explanation for
the difference in morphology between the SrTiO3–on–BaTiO3 and the BaTiO3–on–SrTiO3 interfaces.
The fact that the morphological instability (the rough SrTiO3–on–BaTiO3 interface) is not occurring
below a thickness of about 6 to 8 nm could most probably be explained by the influence of the stress
exerted by the upper and lower thick SrTiO3 layers on the rather thin BaTiO3 layer. This influence of
the stress will decrease with increasing BaTiO3 layer thickness.

Fig. 4.45: Fourier filtered reconstructed images of the cross-sectional image presented in Fig. 4.43 showing
the different degree of flatness of the different interfaces between BaTiO3/SrTiO3 layers (BaTiO3 layers have
different thicknesses and are marked as L2, L3, L4, L5, and L6).
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4.3.3 Concluding remarks

� The present study is relevant to actual efforts to grow smooth and defect free multilayers and

superlattices of perovskite layers. The Stranski-Krastanov growth mechanism was found to

govern not only the growth of individual BaTiO3 films, as it was shown in the previous section

of this chapter, but also the growth of the BaTiO3 layers in a BaTiO3/SrTiO3 multilayer system.

� The most significant feature is that of the asymmetry in the morphology of the SrTiO3–on–

BaTiO3 interface (rough interface) and of the BaTiO3–on–SrTiO3 interface (sharp interface).

This asymmetry was explained taking into account the difference in the morphological stabil-

ity of the growth surfaces most probably caused by different surface energies of BaTiO3 and

SrTiO3 and by different mobilities of the Ba and Sr atoms reaching the SrTiO3 layer and the

BaTiO3 layer, respectively.

� Another important feature of the BaTiO3/SrTiO3 multilayer system is that BaTiO3 layers were

free of defects and the SrTiO3–on–BaTiO3 interfaces were plane and sharp when the BaTiO3

thickness was below 6 nm. As a consequence, BaTiO3 layers with a thickness below 6 nm can

be assumed as growing layer-by-layer in a BaTiO3/SrTiO3 multilayer system. This result may

be of importance for future applications of BaTiO3/SrTiO3 multilayers or superlattices.
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4.4 Dielectric properties

Dielectric measurements were performed on Pt/BaTiO3/SrTiO3:Nb and Pt/BaTiO3/.../SrTiO3/BaTiO3/

/SrTiO3:Nb heterostructures with different thickness of the individual BaTiO3 and SrTiO3 layers.

4.4.1 BaTiO3 films

A dependence of the dielectric constant, ε , and the dielectric loss tangent, tan δ , on the BaTiO3 film

thickness is shown in Fig. 4.46. Both ε and tan δ show an approximately linear dependence on

the BaTiO3 film thickness, however with two different rates of increase above and below a thickness

of 75 nm, respectively. Below 75 nm, ε and tan δ linearly decrease with decreasing film thickness

Fig. 4.46: Thickness dependence of the dielectric constant and the dielectric loss tangent measured on
Pt/BaTiO3/SrTiO3:Nb heterostructures for different thickness of the BaTiO3 film. The lines are only to guide
the eye.

on a clearly higher rate than above 75 nm. One reason of the reduction in dielectric constant with

decreasing film thickness in the case of films may be a decreasing overall quality of the dielectric

throughout the film, caused by factors such as increasing stress or increasing number of defects with

decreasing film thickness, particularly such defects to which the ferroelectric properties are sensitive.

However, in the present study no indication of a deteriorating structure of the films was observed

by TEM with decreasing film thickness. Moreover, in case of thick films, the value of the dielectric

constant is close to the bulk value, which confirms the good crystallinity of the films: A maximum

value of 1000 for the dielectric constant was, e.g., measured on thick BaTiO3 film by Hayashi et

al.[152]. For this reason, a different origin should be responsible for the decrease of ε with film

thickness. It is interesting to note that the dielectric loss almost saturates for thicknesses above 300

nm, but abruptly decreases below a thickness of 75 nm. This thickness represents the turning point

at which also the dielectric constant changes its thickness dependence. Consequently, this points to a
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common origin of both effects. A close look to the AFM and TEM results shows that at this thickness

the morphology of BaTiO3 films changes from small grains to large grains formed by coalescence

of several small neighbouring grains, as it was shown previously in this work. A corresponding

change of properties is present, actually, in all thickness dependencies, including RMS roughness,

grain dimensions (height and lateral size), and also the dielectric constant. Thus it is most likely that

the turnover point at 75 nm seen in Fig. 4.46 is caused by the sudden change of the morphology of

the grains.

The decrease in dielectric constant with film thickness was recently modeled by assuming the

existence of so-called “dead layers” at the electrode-ferroelectric interfaces having a severely de-

pressed dielectric constant. These interfacial dead layers act as parasitic capacitors in series[153]

or in paralell[154] with the bulk-like ferroelectric. Various models have been proposed, viz. low-

dielectric-constant space-charge-layers[155], oxygen-depletion zones adjacent to metals with a high-

oxygen affinity[156], formation of surface states[156], local diffusion of electrode material into the

ferroelectric[157; 158], lattice-mismatch-induced ion vacancy formation[159], chemically distinct sur-

face phase[160], intrinsic surface polarization effects[161; 162], depolarization fields due to incom-

plete screening by the electrodes[163; 164], intrinsic suppression of polarization at the electrode[165],

a formation of a Schottky barrier and an associated depletion layer as a result of band bending at the

ferroelectric-electrode interface[166].

In order to explain the thickness dependence of the dielectric constant, two approaches are con-

sidered in the present study. First, a series capacitor model[153] was taken into account considering

both the bulk of the ferroelectric and the ferroelectric-electrode interfaces. In this model, the effective

capacitance of the dielectric layer is given by the following relation:

1
Ce f f

=
1

Cb
+

1
CPt

+
1

CSrTiO3:Nb
(4.4)

where the eff subscript represents the effective value experimentally measured, b means the bulk

value, Pt refers to the Pt/BaTiO3 top interface, and SrTiO3:Nb to the SrTiO3:Nb/BaTiO3 bottom

interface.

To simplify the calculations the two metal-dielectric interfaces are considered as being identical.

Since we are not able to calculate the contribution of the SrTiO3:Nb/BaTiO3 interface this contribution

to the effective value of the capacitance is assumed to be equal to the contribution of the Pt electrode

– BaTiO3 interface[167]. Thus:
1

Ce f f
=

1
Cb

+
2
Ci

(4.5)
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where Ci is the interface capacitance. Considering the thickness of the interfacial dead layer being

independent of the total film thickness results in:

d
εe f f

=
db

εb
+2

di

εi
(4.6)

where d is the nominal thickness of the film, db is the bulk thickness, and di is the thickness of the

film-electrode interface. Considering the total thickness d being equal to

d = db +2di =) db = d�2di (4.7)

equation 4.6 becomes:
d

εe f f
=

d
εb

+2di(
1
εi
�

1
εb
) (4.8)

It is usually assumed that either εb � εi or db � di
[153].

Taking into account the first case, we can write:

d
εe f f

=
d
εb

+2di
1
εi

(4.9)

Using the experimental data for the dielectric constant of Fig. 4.46 and recalculating them into d/ε
values for the two different thickness regions (below and above 75 nm) results in Fig. 4.47, where the

red curves represent the linear fits to the experimental values. Two different slopes are obtained for

different thicknesses of the BaTiO3 film in the Pt/BaTiO3/SrTiO3:Nb heterostructures. The (di/εi) and

Fig. 4.47: Measured ratio d/ε as a function of the BaTiO3 film thickness showing different slopes for films with
thickness (a) below 75 nm and (b) above 75 nm.

εb values can be estimated from the y interception and the slope of the fitted graph presented in Fig.

4.47 according to eq. 4.9. As a result, in the case of thin films (below 75 nm), (di/εi) is 0.085� 0.003

and εb is 581.5 � 82, while in the case of thick films (above 75 nm) (di/εi) is 0.128 � 0.03 and εb is

1519 � 144. The last value is in good agreement with the usual bulk dielectric constant of BaTiO3.
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In the literature, the values of (di/εi) measured for (Ba,Sr)TiO3 films using different electrodes are

ranging from a value of 0.887 for Al/(Ba,Sr)TiO3/Al [168] to a value of 0.05 for Pt/(Ba,Sr)TiO3/Pt
[169]. However, the fact that di and εi are not independent in the conventional series capacitor model

means that neither the dead-layer thickness nor the dielectric constant is well defined up to this stage

of this study. It will be demonstrated in the following that both the thickness and the dielectric constant

of the dead layer can actually be well established in the present work.

Coming back to eq. 4.8 and assuming that db � di, another model is suitable to the experimental

data on thick BaTiO3 films. That is the “dead layer”model developed recently for (Ba,Sr)TiO3 films

by Sinnamon et al.[170] to investigate the possibility of a dead layer which acts as a parasitic capacitor.

One aspect vividly discussed in the “dead layer debate ” is the influence of film grain size of the

ferroelectric film on the dielectric behavior. The film is composed of columnar grains as it was shown

in the previous sections of this chapter. Assuming a perfectly columnar structure there is no series

capacitor component, and the grain boundary and bulk-like material simply act in parallel (Fig. 4.48).

Thus it is possible to calculate the area fractions of the defective material in the grain boundary and

of the bulk-like material in a columnar grain of circular section.

Fig. 4.48: A simple schematic of the “dead-layer”acting as a capacitor in parallel to the bulk[170]. Cb is the
bulk capacitance, Ct is the dead layer capacitance, g is the grain diameter (the grain has a circular section),
and t is the radius of the dead layer (the dead layer has a circular-shaped section).

The effective dielectric constant, εe f f , is given by the relative area of each capacitor multiplied

with its dielectric constant as follows:

εe f f = εb[
π(g

2 � t)2

π(g
2)

2 ]+ εt [
π(g

2)
2
�π(g

2 � t)2

π(g
2)

2 ] =
4t2

g2 (εb� εt)�
4t
g
(εb� εt)+ εb (4.10)

where εb is the relative dielectric constant of the bulk material, t is the thickness of the dead layer

(grain boundary material) parallel to the grain boundaries, g is the diameter of the columnar grains,

and εt is their relative dielectric constant.



4.4 Dielectric properties 83

This model is able to reproduce the measured dielectric constant as a function of the lateral size

of the grains. Considering this model for BaTiO3 films with thickness above 75 nm and fitting the

experimental data (shown in Fig. 4.49) with a polynomial function of second order in (1/g), the

following parameters can be calculated: t =11.95 nm, εt = 143.7, and εb = 1254. In other words, the

thickness of the dead layer is about 12 nm.

Fig. 4.49: Measured dielectric constant as a function of the lateral size of the BaTiO3 grains (points) and the

polynomial fit (red curve) according to the model of Sinnamon[170].

A natural limit of applicability of the dead-layer model is given by the limiting case when the

defective boundary region takes up the entire grain (i.e. when t = g/2). At this point εe f f = εt and it

will be constant for any further decrease in grain size.

Fig. 4.50: Cross-sectional HRTEM images of a thick BaTiO3 film showing the presence of grain boundaries
and of the dead layer near the grain boundaries. The BaTiO3 film thickness is 150 nm.
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In conclusion, the assumption of dead layers at the grain boundaries rather than at the ferroelec-

tric/electrode boundaries can be completely rationalized in case of a columnar film structure explain-

ing the decrease in the dielectric constant. In case of BaTiO3 films presented in this study, the dead

layer thickness was calculated as 12 nm.

It should be possible to prove the existence of the dead layers at the grain boundaries, for example,

by HRTEM. In the present study, the diameter of the circular section for different film thicknesses was

experimentally measured by AFM and confirmed by cross-sectional HRTEM. From Fig. 4.50 taken

from a thick BaTiO3 film (150 nm) dead layers of about 8 nm thickness can be seen (cf. also Fig.

4.30). This value is in rather fair correspondence to the above calculated value of 12 nm, confirming

the applicability of Sinammon’s model to the films presented in this study.

The applicability of the dead-layer model is restricted to the columnar structure, i.e. above 75 nm

film thickness. Therefore this model can not be applied for thin films where no columns occur.
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4.4.2 BaTiO3/SrTiO3 multilayers

With the background of the above studied dielectric properties of BaTiO3 films, BaTiO3/SrTiO3

multilayers will be discussed next. Two series of multilayers were prepared, one consists of a

BaTiO3/SrTiO3/BaTiO3 three-layer system, the other consists of a BaTiO3/SrTiO3/BaTiO3/SrTiO3/

/BaTiO3 five-layer system. An example of capacitance-voltage measurements performed on thick

BaTiO3/SrTiO3 multilayers is presented in Fig. 4.51. The measurement was performed on the sam-

ple presented in Fig. 4.41. Figures 4.52(a) and 4.52(b) show the dependence of the effective di-

Fig. 4.51: Dependence of the capacitance on the applied voltage in case of the thick multilayer sample pre-
sented in Fig. 4.41.

electric constant and the dielectric loss tangent on the overall film thickness of the two series of

BaTiO3/SrTiO3 multilayers compared with BaTiO3 films. The turning point at 75 nm is present

again, a feature which points to some changes occurring also in BaTiO3/SrTiO3 multilayers at this

thickness value. The dielectric loss tangent of the multilayers saturates for a thickness above 300 nm,

while below an overall thickness of 75 nm, the dielectric constant linearly decreases with decreasing

overall thickness, and this behaviour is independent on the number of multilayers, pointing to some

interface effect again.

Somewhat larger values of the dielectric constant were measured for samples consisting of 5

multilayers in comparison with those consisting of 3 multilayers - a fact which is consistent with

the literature. Also, the values of the dielectric constant of BaTiO3/SrTiO3 multilayers presented in

this study are in good accordance with the values published by other groups: The literature values of

the dielectric constant are ranging from 240 [5] to 900 [6] for BaTiO3/SrTiO3 multilayer thicknesses

of 30 nm and 100 nm with a periodicity of 5/5 and 4/4 unit cells. The periodicity of the BaTiO3

and the SrTiO3 layers has an important influence on the dielectric properties. The dielectric constant

decreases from 900 to 500 when the periodicity is changed from 4/4 to 1/1 BaTiO3/SrTiO3 unit cells
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Fig. 4.52: Dependence of (a) the effective dielectric constant and (b) dielectric loss tangent on the overall
thickness of BaTiO3/SrTiO3 multilayers of the two series explained in the text.

Fig. 4.53: Ferroelectric distor-
tions present in BaTiO3, accord-

ing to ref. [6].
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due to the stress at the interface which is larger for the 1/1 periodic structure than for the 4/4

periodic structure.

A large dielectric dispersion has been reported for multilayers consisting of 20/20 and 40/40

BaTiO3/SrTiO3 unit cells [7]. A comparison between symmetric and asymmetric BaTiO3/SrTiO3

structures has shown that a stacking periodicity of 15/3 unit cells exhibits the largest remanent polar-

ization of 23 µC/cm2, while the dielectric constant was 240 [5].

It is known that tetragonal BaTiO3 exhibits ferroelectric distortions due to displacements of the

Ba2+ and Ti4+ cations relative to the O2� anions, leading to a net dipole per unit area, equivalent

to the c/a lattice distortion of 1.01. A schematic model of these ferroelectric distortions present in

BaTiO3 is shown in Fig. 4.53, according to ref. [6].

A lattice mismatch of 2.28 % along the a direction, and one of 3.4 % along the c direction is

present in BaTiO3/SrTiO3 multilayers. In these multilayers, an interaction between the “ferroelec-

tric”distortion and the lattice mismatch can be expected to occur, resulting in an overall effect on the

dielectric and ferroelectric properties. The mismatch strain in the BaTiO3 layers relaxes with increas-

ing layer thickness[148]. In addition to the expected reduction of strain with increasing thickness of

Fig. 4.54: (a) Cross-sectional TEM view of an epitaxial BaTiO3 film (about 150 nm thick) grown on a SrTiO3
substrate. (b) TEM cross-section image of an epitaxial BaTiO3/SrTiO3 multilayer grown on a SrTiO3 (001)
substrate. The thickness of the individual BaTiO3 layers is about 260 nm, and that of the individual SrTiO3
layers is about 210 nm.

the individual BaTiO3 layers, the development of a columnar structure in thick layers has to be taken

into account. Fig. 4.54(a) shows this columnar structure in a single, about 150 nm thick BaTiO3 film,

while Fig. 4.54(b) (repeating Fig. 4.41) reveals the presence of a columnar structure in the individual,

about 200 nm thick, BaTiO3 and SrTiO3 layers of a thick multilayer.
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Unfortunately, it is very difficult to apply the previously discussed dead layer model onto BaTiO3/

/SrTiO3 multilayer systems because too many parameters are involved. Nevertheless, TEM analysis

shows the presence of dead layers in BaTiO3/SrTiO3 multilayers, too (Fig. 4.55). An interesting

Fig. 4.55: TEM image taken in Fresnel contrast revealing the dead layers (indicated by arrows) between
BaTiO3 grains, as well as between SrTiO3 grains.

feature is that dead layers have different direction in different layers. They are parallel to the grains in

BaTiO3 layers, while in SrTiO3 layers they are inclined (Fig. 4.55). This could possibly be explained

by the different morphological stability which might result in somewhat differently oriented grain

boundaries in the two different layers.

From the point of view of applications, as the thickness of the oxide films decreases to a few

tens of nm, a condition required by some devices, the electrical behavior of the films deviates con-

siderably from that of the bulk materials, mainly due to the dependence of the electrical properties

on the interfaces. However, it is known that the dielectric constant measured at zero bias decreases

drastically with decreasing thickness when metal electrodes (e.g. Pt[167]) are used, while the di-

electric constant is almost independent on the film thickness when conducting oxide electrodes (e.g.

IrO2
[166], SrRuO3

[171]) are used. According to ref.[171], the film thickness should be less than 20
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nm in ultralarge scale integrated DRAMs with a minimum lateral size of 0.1 µm. A low lateral size

favours a high memory density. From this condition it follows that the overall dielectric properties

are highly dependent on the interfacial low dielectric layers. Therefore, understanding the nature of

the interfacial low dielectric layers has become a critical issue for adopting (Ba/Sr)TiO3 capacitors in

DRAMs and the above results hopefully contribute to this purpose.



5 Conclusions and outlook

Initial stages of the growth of epitaxial BaTiO3 films on (001) SrTiO3 substrates have been studied.

A comprehensive study in terms of surface morphology, crystalline orientation, microstructure and

film=substrate interface morphology has been carried out applying a combination of investigation

techniques such as AFM, HRTEM, and XRD.

The regularly terraced TiO2-terminated surfaces of vicinal SrTiO3:Nb substrates prepared by a

definite chemical and thermal treatment yield regular step patterns with the height of one single unit

cell. Effects of different parameters involved in the etching and annealing treatments of substrates of

different miscut angles were studied by AFM investigations of the surface morphology. The prepa-

ration of single terminated SrTiO3 (001)-oriented substrate surfaces with regular and sharp edge ter-

races was successfully achieved by controlling the miscut angle (0.1Æ), the annealing temperature

(1200 ÆC), and the annealing time (10 min). The chemically and thermally treated vicinal SrTiO3:Nb

substrate surfaces provided the required reference for the investigation of the initial growth mode of

the epitaxial BaTiO3 thin films.

The morphological analysis of epitaxial BaTiO3 films of different nominal thicknesses reveals

important features of the growth mechanism. A layer-then-island (Stranski-Krastanov) growth mech-

anism of the epitaxial BaTiO3 films on the SrTiO3:Nb substrates was identified and can be explained

as follows:

In the early growth stage, a grainy, but uniform, closed “wetting” layer of 1 nm thickness covers

the substrate. This layer, which is apparently free from observable lattice defects, is most probably

growing pseudomorphically strained on the SrTiO3:Nb substrate due to the small BaTiO3/SrTiO3

lattice misfit. On increasing the film thickness above 5 nm, individual grains begin to grow and the

film stress relaxes. This critical thickness of 5 nm represents the turning point when small individual

nuclei begin to grow on the surface of the wetting layer. Their density increases on further deposition.

Some of these small grains grow further into larger grains of about 100 nm in lateral size which are

observed at 40 nm thickness.

The microstructure analysis revealed a grainy structure of the thin BaTiO3 layer followed by

a columnar structure for thick BaTiO3 films. A sharp interface between the BaTiO3 film and the

SrTiO3 substrate was observed. XRD and HRTEM investigations confirmed the epitaxial relation-

ship between the BaTiO3 film and the SrTiO3 substrate and demonstrated both a good in-plane and

out-of-plane orientation. The obtained results, in particular the deduced Stranski-Krastanov growth

mechanism, deepen the understanding of the growth of thin perovskite films.
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With the aim of improving the dielectric properties, epitaxial BaTiO3/SrTiO3 multilayers were

grown by PLD on SrTiO3 (001) substrates and they were studied in terms of surface morphology,

crystalline orientation, microstructure, film=substrate interface morphology, and dielectric properties.

The Stranski-Krastanov growth mode was found to govern the growth of the BaTiO3 layers on the

preceding SrTiO3 layers, as it was observed before for the BaTiO3 layers grown on SrTiO3 substrates.

Up to 6 nm in thickness, the BaTiO3 films show no defects and have sharp BaTiO3/SrTiO3 interfaces.

In multilayers consisting of thick individual layers, an asymmetry was observed of the morphology,

between SrTiO3–on–BaTiO3 and BaTiO3–on–SrTiO3 interfaces. This feature is most probably due to

a difference in the morphological stability of the growth surfaces caused by different surface energies

and different mobilities of the Ba and Sr atoms reaching the SrTiO3 and BaTiO3 layer, respectively.

Dielectric measurements were performed on BaTiO3 films and on BaTiO3/SrTiO3 multilayers of

different overall thickness. Below an overall thickness of 75 nm, the dielectric constant shows a sharp

linear decrease with decreasing overall thickness and does not depend on the number of multilayers.

This behaviour is most probably caused by dead layers of low dielectric constant extending vertically

along the column boundaries.

The obtained results, in particular the deduced Stranski-Krastanov growth mechanism, are partic-

ularly significant in view of actual efforts to grow artificial superlattices involving very thin individual

layers of BaTiO3 and/or SrTiO3. For example, epitaxial BaTiO3/SrTiO3 artificial superlattices with

a thickness of the individual layers in the order of 5 to 10 nm are currently studied aiming at either

an improvement of the ferroelectric properties or the achievement of new dielectric properties. Op-

timizing these properties certainly requires a good understanding of the initial growth mode of these

very thin individual layers, to which the present results should be able to contribute. Most proba-

bly, these observations are not restricted to ferroelectric systems, but applicable more generally to

different oxide superlattice systems that follow a Stranski-Krastanov growth mechanism.
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